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Synopsis 

The present investigation deals with a systematic study 
of the recrystallisation behaviour and texture formation in three 
dual-phase steel compositions. Such a study was considered useful 
for providing an insight into the response of these steels to 
thermo-mechanical processing with particular reference to their 
deep-drawing characteristics . 

The steels, designated Al, A4 and A5 have the following 
nominal compositions (in weight per cent): Al-O.lO C, 1.50 Si, 

0.1 V; A4-0.10 C, 1.50 Si, 1.50 Mn, 0.1 V; and A5-0.10 C, 3.50 
Mn, 0.1 V. 

Dual-phase structures were produced in all the three 
alloys in two different ways, namely, (a) by air-cooling from the 
austenitising temperature {910°C) and then i nt ercr i t icu 1 ly annea- 
ling the f errite-pear 1 i to structure at 7S0*\.‘ and illO^’c; followed 
by water-quenching; and (b) by water -quenciiing from the same 
austenitising temperature and then intercr i tica My annealing the 
martensitic structure again at TSo'V' and H10*N: followed by final 
water-quenching. These two treatments will h<n»ccforwa rd h<‘ 
referred to as AC/WQ and W()/W() respectively. Thest* initial heat- 
treatments produced four dii'ferent dual-phase struc turcs • for eacli 
alloy. A total of twelve sucli different dual-phase distributions 
for the three alloys were obtained. These have been characterised 
by optical and electron metallography and by measurement of some 
of the mechanical properties. These studies have revealed that 
for a particular initial heat- treatment, the volume percent of 
martensite is maximum in alloy A4 and this is nearly twice the 
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value obtained for the alloys A1 and A5. Although tlie amount of 
martensite in alloy AJ is somewhat lower than that in alloy A5, 
the overall strength of alloy A1 is higher than that of alloy A5 
due possibly to the sign it leant solid solution hardening oi' the 
ferritic matrix caused by silicon. Alloy A4 has been found to have 
the highest strength amongst the three alloys. The martensite in 
all the alloys has been found to consist mostly of dislocated 
laths. The ferrite phase present in the alloys A1 and A4 have 

formed in two different ways: (i) before and/or during the inter- 

» 

critical annealing ('old' ferrite) and (ii) during the cooling of 
the alloys from the intercri tical annealing temperature (transfor- 
med or 'new' ferrite). The amount of new ferrite has been found 
to be larger in alloy A1 as compared to alloy A4. Alloy A5 did 

not show any measurable amount of new ferrite. Hardly any signi- 

% 

ficant difference in microstructurc could bo found in any of the 
alloys as a result of the two treatment.s , namely, AC/WQ and WQ/WQ. 

Steel samples having the twelve dil'ferent distributions 
of f errite-martensite structures in the throe alloys, as mentioned 
above, have been subjected to cold-del orma t i on upto by 

rolling. Each one out of these twelve dofonned structures was 
subjected to recrystallisation anneulH at temperatures, namely, 
650°C, 700°C, 7 50°C, SOO^C and 8 50^^: for variou.H lengths of time 
till full recrystallisat i on was achieved. The structures of the 
cold-deformed, partially rccrystall Isod and fully recrystul 1 ised 
materials were characterised by both optical and electron micro- 
scopy. In all cases these observations were carried out on the 
transverse sections of the specimens. In any one alloy, optical 
as well as electron microstructures obtained from the cold-deformed 
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materials were found to be practically the same irrespective of 
the different initial heat- treatments . All the three cold-worked 
alloys showed elongated cell-like structures, sometimes showing a 
number of deformation bands in some of the deformed grains. The 
structural features were found to be coarsest for the alloy Al, 
rather coarse for alloy A5 and finest in alloy A4. Selected area 
diffraction (S.A.D.) patterns taken systematically over large 
number of ferritic areas in tliin foils from all the three alloys 
showed, in general, the following common crystallographic orienta- 
tions, namely, {112} <11 1>, 1110} <in>, (.VK)} <001*, {147} <.^11> 
in addition to a host of other orientations. In contrast to the 
alloys A1 and A4, many areas in a number of tltin foils from the 
cold-worked alloy A5 showed distinct signs of recovery at places 
leading to the formation of subgrains. 

Transmission electron microscopic (T.E.M.) studies of the 
partially and fully recrystallised materials were confined to 
those samples only which were annealed at the temperatures 650°C 
and 800^C for various lengths of time. At the lower temperature 
of 650°C, the cold-worked ferritic areas started recrystallising, 
whereas at the higher temperature of HOO'^C re-austenit i.sat ion of 
martensite and recrystallisation of cold-worked ferrite took place 
simultaneously. The end-product in both the cases, however, con- 
sisted of islands of martensite embedded in a recrystallised 
ferrite matrix. During the recrystallisation anneal strain-froc 
ferrite grains were found to nucleate at both the deformed ferrite- 
martensite interfaces as well as inside the deformed ferritcjtrains,' 
presumably in the deformation band regions. At the higher temper- 
ature of anneal, the austenite grains appeared to form both at 
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the deformed ferrite-martensite interfaces as well as within tlie 
martensitic areas. 

Extensive studies on any of the three alloys with tlie help 
of the T.E.M. showed no perceptible dil'i'eronco in t lie microstruc- 
ture as a function of the initial dual-phase hea t - 1 rea tinent . 

Almost invariably, the rcc ry s ta 1 1 isod ferrite grains have been 
found to nucleate at or near cold-worked regions of the same or 
nearly the same orientation. Thus the process of recrystallisa- 
tion in all the three alloys, irrespective ul' lire initial heat- 
treatment as well as annealing toinperuture, can be best described 
in- situ process. 

The kinetics of primary rocrystal 1 Isation of ferrite in 
the cold-rolled dual-phase steels were analysed from the relevant 
microhardness data using an Avrami-type relationship. In general, 
the Avrami plots showed straightline segments with two distinct 
slopes indicating two distinct processes during recrystallisation. 
The activation energies measured from the Arrhenius plots ranged 
between 16.0 to 20.0 KCal/^’ mole. 

In order to have an overall idea about the crysta llogra- 
phic orientations in both the cold-worked and recrystall i sod 
alloys, detailed texture measurements were undertaken using both 
the conventional pole-figure and the O.U.h’, (Orientation Distribu- 
tion Function) methods. The {110} pole-figures for all the three 
cold-rolled alloys with different initial heat- treatments showed 
a moderately strong {111) <il2> and a rather weak {111} <110> 
texture components. In general, the deformation textures of 
alloys Ai and AS were found to be somewhat sharper as compared to 
those of alloy A4 . 
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The O.D.F. plots, while supporting the pole-figure results, 
indicated that, in all the three alloys, the major texture compo- 
nents were {111} <112> and {111} <110> while the minor components 
were of the type { 337} < 1 1 0 > , { 337} <776>, (112} <lil> and {112} 
<110>. In addition, some rather low intensity tcxti^re components 
like {110} <001>, {001} <liO>, {110} <11 0> and {3i{)} <()()1> were 
also found. 

Detailed analysis of the 0.1). 1'. results has shown tlie 
presence of a reasonably strong {111} fibre texture component in 
both the alloys A4 and A5, whereas alloy A1 did not show any fill} 
fibre. Again, a weak {11, 11, 4} fibre has been observed in alloy 
A4, which is not so wel 1 -developed in alloy AS, while the same may 
be treated as weak and incomplete in case of alloy A1 . {337} <uvw> 

orientations do not comprise a fibre-component in either alloy A1 
or AS, although alloy A4 may be supposed to have a rather weak and 
incomplete {337} fibre texture. 

The {110} pole-figures for the alloys In the recrystallisod 
condition have been found to be basically similar to the ones for 
the corresponding cold-deformed materials, with the difference 
that the pole-densities arc somewhat weaker in the former. 0.1). 1*. 
plots have shown the presence of a rather sharp (llil fibre 
component in both the alloys A4 and AS, wliereas no sucli fibre 
could be obtained in alloy AI. The intensity of the {111} fibre 
has been found to be somewhat stronger in tim alloy AS than in 
A4, The behaviour of the other two important texture components, 
namely, {11, 11, 4} <uvw> and (337) <uvw> have been found to be 
similar to that in the co ld*deformed alloys. A major difference 



in the recrystallisation texture in alloys A4 and AS is that, a 
stronger {111} fibre is obtained in the former at tlie lower 
recrystallisation temperature of 650°C and in the latter at the 
higher annealing temperature of 800°C. 

The theoretically determined r-values for the three 
recrystallised alloys have shown that while alloy A1 has r- 
values <1.0, the corresponding values for alloys A4 and AS are 
>1.0, Out of the three alloys the alloy AS seems to have a 
distinct edge over the other two so far as tlie r-values are 
concerned . 

The above experimental results on the rccrysta 1 1 i sation 
behaviour and texture development in the experimental alloys 
have been systematically analysed and compared w i t li results of 
other investigators working on similar or related steel composi- 
tions. The suitability of these steels for deep-drawi t\K ajjpli- 
cations have been commented upon and suggestions put forward for 
possible further improvement in this direction. 
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Chapter I 


latroduction 


For many decades most of the steels used in automobile bodies 
have been plain lox^carbon steels cold-rolled to thickneHses upto 2 mm or 
hot-rolled to thicker gauges* It is easy to understand that if steels 
with higher strength were used, the usable sheet metal thickness could be 
correspondingly reduced causing a significant reduction in the weight of 
the automobile. The high strength steels, generally considered at later 
stages, include primarily the microalloyed high strength low alloy (H,S,L,A.) 
steels. 

The major problems of the H,S,L,A, steels are a lack of dynamic 
stiffness and poor formability, although they maintain a rather high 
yield strength* In spite of these shortcomings, significant quantities of 
H*S.L*A* steels are being used in the current models of a number of auto- 
mobiles. 

The formability problem with the H,8#L,A, steels has been sought 
to be overcome by the induction of the ‘dual-phase* steels around 1975, The 
dual “phase steels have a microstructure consisting of the. *aoft’ ferrite 
phase with islands of ‘hard* martensite disperHe<l in it. Typically, in a 
commercial dual -phase steel, the martensite phase occupies abciut 20% by 
volume of the entire micro structure. 

The dual-phase structure In steels may be produced by annealing 
either, hot or cold-rolled strips at a temperature in the two-phase (a 4- y) 
region of the fe-C-X, equilibrium diagram, followed by cooling nt ri rate 
#i,ich ensures that the y-phase tranaforms to martenslt#* 
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Compared to the conventional B,L,A* Bteela, the dual-phase 
steels y^ve expected to have better formability characteristics due to 
their low initial yield strength, continuous yielding behaviour, high 
work-hardening rate at the early stage of straining and a rather large 
total elongation before fracture* The^ formability, a« indicated by the 
forming limit diagram in Figure l.l [l] for a dual-phase steel (GM980X) 
is found to be superior to tivat of A steels of the same strength 

under conditions where the minor strain is positive (i.e*, the mode* of 
deformation is stretching, a strain pattern commonly encountered in 
automobile industries). 

The deep-drawabilit y of the dual-phase steels, however, has been 
found to be inferior to that of the conventional steels used in the auto- 
motive industries. For example, the ^r’ -values of dual-phase steels, 
produced by intercritical annealing, have been found to be around 1.0 
whereas for some killed steels it can be as high as 1.6-1. 8 or even more. 
It would , therefore, be highly interesting and useful to try to develop 
dual-phase steels with high enough ’r’-values, because in that case the 
superior mechanical properties of these steels such as high strength and 
large uniform and total elongation can also b«» taken advantage of. 

It is known that high 'r'-valuea in a sheet ste«*l can always be 
associated with the presenc<^ f>f a strong fill.) fibre texture in the 
material, .Hence, attainment ,, of a -high r^-va lye in fiheer steels can ulti- 
m.ately be linked to the ease of luicleation and growth of fllf) oriented 
grains in the sheet material.' Ttie indnslrial processing of dual -phase 
steels' involves both hot defonwi t icm and intercr 1 1 lea I afineaHng. Ttius 
the final microstructure in a dual -phase steel is derived as a result of 
these thermal and mechanical processing. ,,:' 
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In order to gain a basic understanding of the micleation and 
growth of the grains in thf^ dual -phase steels during nonnal processing 
and the way they affect the development of texture, it would secern tempting 
to study their deformation and recrystal li sat ion characteristics* However^ 
a study of the relevant literature has shown that there has been hardly 
any systematic research in this direction* It is, thcr(»fare, envisaged to 
investigate the response of three C-Mn-Si-V diial-phase steels to the 
processes of cold-deformation and subsequent recrystallisation. An attempt 
has been made to carry out a thorough structural characterisation of the 
cold -worked and recrystallised states using a transmission electron micro- 
scope (T.E.M.) in order to gain information at the micro-level* Side by 
side macroscopic textures of the corresponding materials have been deter- 
mined by using the conventional pole-figure as well as the O.D.F. (Orien- 
tation Distribution Function) methods. Further, the kinetics of recrystal- 
lisation was studied in the usual manner. 

It was hoped that the present study would lead to a basic under- 
standing of the formation of the recrystalli Be<l grains, speicially the 
desired {111} types, in the experimental dual-phase steels during thermo- 
mechanical processing* This, coupled with detailed textural studies, was 
expected to help in designing suitable tmrameters as to yield an optimum 
texture in the material leading to improved deep-tlrawing characteristics. 
This is very important since the present indications aif lliat the dual- 
phase steels are going to be ti«e«l in much larger iiuantities in t lie future 
in the .automobile and other :;i.iitliist:ries;-ln';sHee.i-l orm* 
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Fig.M Range of the forming limit diagrams (FLD) 
of dual-phase GM 980X steel compared 
with that of plain carbon steel and SAE 
950X and 980X steels. [58] 
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Ch apter VI 


I . i r e r a 1 1 1 r o e v i w 


2,1 Historical Dev elo pine n t 

A number of routcH to ilevelop low-cost h i gh“-at:reagth steels 
with good forma bility have been explored Ln re^aponse to the perfomance 
requirements, \diich resulted from the car manufacturers* targets for 
weight saving and energy conservation, I2arl ier efforts concentrated on 
the development of high strength steels, such as microalloyed controlled- 
rolled, high strength low alloy (H.S.L,A,) steels [2, 3, 4] or some other 
variety [5 ] to meet the atove requirements, liit It was soon found out 
that these high strength steels suffer from two major problems, e,g., 
the lack of dynamic stiffness and poor formabil ity. The formability 
problem with the H, S,L,A, steels has been sought to be overcome by the 
more recent discovery of tl\c dual-phase steels. These dual-phase steels 
consist essentially of about 80-90% low carbon ferrite and 10-20% of a 
hard second phase, mostly martensite. Little am(xint8 of retained- 
austenite and some low carlx)n bainite may also be present as minor cons- 
tituents, The dual-phase steels are characterised by continuous yielding, 
relatively low initial flow stress, a high ultimate tensile strength and 
very rapid and sustained workhardening giving rise to high uniform 
elongation., "The dual-i>hase structure is. produced by annealing either hot- 
or cold-rolled steel,: strip at, a- temipera'ture Tn the two-phase (a + y) region 
of the equilibrium diagram, followed by cooling at a rate vdiich ensures 
that the ....remaining ■ y-phase. transforms ’to, martensite • llayami and Furukawi 
[ 2 ] fir St , .demonstrated; the: super.ior formability of the dual-phase steels. 
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on the basis of the results of deep drawing tests. Several parallel deve- 
lopments L^-llJ at this stage led to the development of dual-phase micro- 
structures in steels where manganese is the main element used to retard the 
diffusion-controlled transformation of austenite, Silicon and chromium 
were also used to control the tiardenabilit y , so that the addition of the 
above three elements can produce dual-phase structures by box-anneal ing • 
With the idea of restricting ferrite grain growth and to have sufficient 
hardenabil ity of the austenite formed during intercr itical annealing, the 
controlled -rolled microalloyed H. S.L, A. steels have been considered to be 
suitable starting materials in producing dual-phase steels. Rashid fl , loj 
found that a small concentration of microalloying element like vanadium can 
furnish the required hardenabil ity. Morrow and coworkers [ll-is] observed 
the same effect with the addition of very small amount of molybdenum, 

Rashid [ij has demonstrated that a high strength dvtal -phase steel with a 
total elongation of as much as 30% can be ohtain<»d in CM 9B0X-V [l ^ lo] 
which contains very small amount of V in addition to aubBtantlal amounts 
of the solution strengthener a like Mn (l.\%) and VA M<rrow and 

coworkers used similar concentrations of Mn and Si in their auccessful 
development of microalloyed dual"'^>hase steels contalnlnH H<i, liowever, 
better mechanical properties tiave been obtained In the steels rontaiiring V 
than the ones containing Nh and M o [ n j# Similar du/i 1 'iihasc* properties 
have also been reported for a iininganaae-bear ing . steel by Miitsotika and 
Ihmamori [l4'] who no^ted; a, high wrirkhardetiing rate,, good press formability 
and spot weldability. Using the cyclic anstenitisat ion technique of 
Grange [is] for grain refinement, Koo and Thomas f 16-18] produced dual- 
.phase, properties in a few .Mn-Si*€r steels, Davies [l9-23] studied the 
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properties of dual-phase structures produced iu « vai iety of Fe-Mn-C alloys 
and found that the strength of the dual-plwise structure is dependent on 
the ferrite grain size and the volume fraction of Hiarteusite. 

In an alternative nietlKul, dual-phase structures can tx* produced by 
controlling the cooling rate alter lx)t rolling in the mills. Here the 
elements added to control hardena bility need to be more selective in their 
effects. Condren and Tither [24jhave considered the production of dual- 
phase structure in a steel containing 0.6% Cr-0,4%Mo-% C by hot rolling and 
subsequent coiling. The necessary C.C.T. diagram (Figure 2.1) developed by 
them clearly indicates that the coiling temperature needs to be controlled 
to fall within the area known as the 'coil -window' 1 24 J in order that the 
austenite may transform to a tempered marterisite at a very slow cooling 
rate. The product has been found to have excellent tensile strength and 
good formability, although the total elongation ie not an large as that 
which can be developed in intercrit ically annealed dual-phase steels. In 
a similar development in Japan [25] , known as ‘dual-phase rolling’ > a low 
carbon steel containing 0,4y.Si-l , 4*iMn has been coiled at a very low temper- 
ature (below temperature of the austenite), thus transforming the 
austenite before coiling. This process gives rise to inferior tensile 
strength properties as compared to that described by Coldren and Tither [24], 
but the total elongation remains the same, 

2,2 , Composition and Heat-Treatment of Dual-Phase Steels ■ 

2,.2,1 Typical Cbmpo sit ions : , . . 

The composition of all dual-phase, steels is based primarily on low 
carbon and low alloy content ♦ The lack of hardenahi I ft y cans ing formation 
of ferrite-carbide transformation products during cooling from (a ^ y) 
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intercrit ical range, may bv ovi^rcome by minor addition of vanadium, niobium, 
chromium, molybdenum etc. It; is common practice to use aluminium-killed 
steels, although the Japanese steels high in silicon are usually deoxidised 
with silicon. All dual-phase steel s maintain low sulphur content and are 
given a sulphide particle shape-control treatment, usually with rare earths 
or zirconium. Typical compositions of some dual-phase steels either in 
production or at an advanced stage of development are given in Table 2.1. 

2.2,2 Selection of Alloying Elements 

The superior ]>ropert:ies of dual -phase steels arise from their essen- 
tial structural features. Tiie enhanced ductility at a given tensile strength 
is a consequence of the dispersion of a strong martensite in a high strength 
highly ductile ferrite matrix. There are many combinations of alloying 
elements such as Mn, Si, Cr, Mo and V that can be added to low carton iron 
to obtaine the desired bardenability of the austenite [26, 2?] for transfer 
mat ion to martensite even at a mild cooling rate. The alloying elements are 
chosen according to the facilities available and properties required. It 
is possible to produce a family of dual^-phase steels with various combina*- 
tions of strength and ductility. The strength of dual-phase steels depends 
on the strength of both the phases. The results for some silicon-containing 
steels [28] show that besides increasing the bardenability of austenite, 
silicon reduces the interstitial carbon content o;f ferrite which ultimately 
leads to a cleaner and more ductile ferrite. On the other hand, as a means 
of strengthening ferrite by ■..substitut ionsl solute elements, Si and P are 
considered to be very effective [29]. Mas^ii and Takechi [lo] showed that 
substitutional strengthening by silicon and manganese remilted in the best 
combination of strength and/duetility,. ■ 
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Table 2.1 


Compositions of 

Some Common Dual 

-Phase 

Steel s 


Cx^mpo sit ion. 

wt. ’/ 

References 

C Mn 

Si Nx Cr 

Mo 

V Nb 


A. Carbon- 

0.01 

1 .45 

- 


- 


- 

- 

44 

mangane se 

0.06 

0.33 

- 

- 

- 

- 

- 

- 

78 

series 

0.052 

0.90 

- 

- 

- 


- 

... 

63 


0.11 

0.78 

- 

- 

- 


- 

... 

63 

B. Ckrbon- 

0.10 

— 

2.00 


— 


.. 

.. 

50 

silicon 










series 










C. Carbcn- 

0.15 

1 . 50 

0.01 


— 


•«. 


44 

mangane se - 

0.22 

1 . 55 

0,01 

- 

- 


- 

- 

44 

silicon 

0.10 

1.45 

1.20 

- 


- 

- 

- 

53 

ser ies 

0.06 

1.47 

0.23 

- 

- 

- 

- 

- 

32 


0.12 

1 .47 

0.24 



- 

- 

- 

32 


0.16 

1.53 

0.24 


- 

- 

- 

- 

32 


0.20 

1. 53 

0.25 


- 

- 

- 

- 

32 


0.29 

1.51 

0.24 

— 

-- 

— 

— 

— 

32 

B. Carbon- 

0.21 

2.00 

1.03 



— 

0.20 

— 

53 

mangane se- 

0.10 

1.45 

1 .20 

- 

- 

- 

0.15 

- 

53 

silicon- 

0.10 

1.45 

0.49 

- 

- 

- 

0.075 

- 

52 

vanad ium 










series 










E. Carbon- 

0.072 

1.26 

0.30 

0.02 

0.02 


0.08 

« 

51 

mangane se 

O.ll 

1 .29 

0.29 

0.02 

0.03 

- 

0.065 

- 

51 


silicOTi-nickel ’-- 
GhromiuTn- 
vanadium 
series 

F. Carbm- 0.062 1.19 0.02 - 0.49 0.03 - 34 

maxiganese- 0*07 0.90 1.20 0.57 0.29 - - 52 

.silico^n.- 
cbromium*-- 
itiolybdemtim 
• series" 
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As a more or less accepted principle of the duplex ferrite- 
martensite alloy development, the initial alloy compoHition and the volume 
percent martensite in the proceBsed steel have to Ik> controlled so that the 
carbon concentration in martensite is m#i inta i ne»l at 'M) . 1 wt . This is 

to produce 'lath*^ instead of ^twinned* martensite bo that thr* product 
does not suffer from severe brittleness (H]. Ilowver., the effect of 
substitutional alloying elements on the carlxin content of austenite should 
also be kept in mind idiile ch<iosing a favourable overall composit ion* 
Silicon and sometimes manganese are adde<l to improve tin* drawing properties 
of the ferrite, but the priinarv 1 unction of Mn and other alloying elements, 
like V, Mo, Cr etc., is to increase the hardenability of the austenite. 

At the intercrit ical annealing temperature these alloying elements parti- 
tion to a significant extent in the austenite. In this respect, a number 
of investigators [l, ll] have considered vanadium to be a much more effec- 
tive addition than niobium which may be due to the higher equilibrium 
concentration of V than Nb in the austenite^ The diffusion of all the 
substitutional elements may be so slow at the intercrit ica 1 annealing temp- 
erature as to give rise to a lack of equilibrium part itianing [32] resul- 
ting in a severe chemical heterogeneity within individual austenite islands. 
Though carbon moves an order of magnitude faster than the subst itu tional 
alloying elements, the local ec|uilibrium concentration of carbm ia deter- 
mined by the type and concentration of substitutional elements present. 

Thus severe carbon-concentration gradients may also be set up wi.thin 
individual austenite islands. This type of segregation can lead to the 
formation of a mixture of transformation products within a single island, 
and may be averted to some extent by annealing the steel in the single 
Y-phase before cooling to the intercritical anneal ing temperature [33] . 
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Besides increasing t h<^ hardena hi 1 i t, y , Ct relardU thi* of 

bainite fortnation. According to Tanaka <*t: a I 1'\A] Cr !h r he moBt favour- 
able alloying element for the pi'oduction of (!ual “phaae ateel , since it 
decreases the dissolved carlx>n content by promoting the partition of carbon 
between austenite and pearl ite. It does not catjse solid solution hardening 
in ferrite [35 ]. Manganese has an effect similar to that of Cr except that 
it causes sol id -solution hardening of ferrite. Molybdenum also increases 
the hardenability of austenite. Being a ferrite former, it does not 
decrease carbon solubility in ferrite and moreover, it caxises a large sol id - 
solution hardening effect [36]. The addition of niobium to the steel 
results in the formation of finer ferrite grain size and precipitation of 
car bonitr ide s. This precipitation in txirn leads to the formation of a 
substructure in the ferrite and as a consequence the tensile strength is 
increased. The desirabil it y o f various alloying elements has to assessed 
with an eye to produce a simple economical steel with favourable structure 
and required properties. 

2.2.3 Heat -Treatment Cycles 

Depending on the clxemical composition dual-phase steels can be 
produced by cooling from the intercritical annealing temperature at any 
cooling rate between those of batch annealing and water quenching. With 
the idea of decreasing the cooling rate required by adding small quantity 
of alloying elements, dual-phase steels with a variety of chemical composi- 
tions and cooling rate have been developed. This has led to considerable 
variat ion in the physical properties* More ex(>l ic 1 1: ly , it may be said 
that the dual -phase microstructure is a strong function of the combined 
effects, of the starting structure prior to Inten'r ItJciil nune^ling, the 
annealing temperature and the cooling rate^which, In otiicr comprise 
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the heat “treatment cycle. The different types of heat “treatment cycles 
used for the production of dual-phase structures may be classified as : 

1, Intermediate annealing (I. A.) 

2 , Int ermed ia t e no rma 1 1 sing ( I . N , ) 

3, Intermediate quenching (l.Q,) 

4, Step quenching (S,Q.) 

5, Continuou S' anneal ing (C.A.) 

Steels containing coarse and line ferr it i* and [>ear!itt^ are used 
for intercrit ical annealing in I ntenned i ale annealing and intermediate 
normalising cycles respectively. Wlien tlie ainictniu* of steel htMore inter- 
critical annealing is fully m/irt ('ns it j c , the proc(»BB is railed intermediate 
quenching. In step quenching, I he stee*1 is tmnfrCorrtMl to the inter- 
critical annealing temperatun* from the austenitisation temperature. In 
all of these cycles, the steel is soaked at the intercritical annealing 
temperature for a specified time and cooled to room temperature at a suit-- 
able rate. 

Continuous annealing corresponds to obtaining dual -phase structure 
in steels in the as hot -rolled condition. The steel sheets are coiled 
after adequate hot rolling. The cooling rate during coiling is controlled 
so as to get the required dual -phase atruetures . Many investigators have 
simulated the coiling conditions so as to get the dual-phase structure 
similar to that obtainable on continuous annealing [24, 33, 53], 

Whatever heat-treatment cycle may be chosen, the intercritical 
annealing has to be carried out at a temperature >?hich is between Ae^ (the 
upper limit of the critical range) and (the beginning of the transfor- 

mation range). As the equil ibrium conditions are rarely maintained in the 
steels of commercial purity, the taaperatures of practical utility are 
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Acj and Ac^* These critical t ernperatiircH can be related to the chemical 
composition of a steel as follows [l?]: 

Ac^ = 723 - 10,7 Mn ~ 16. Ni 29.1, Si f 1 6 Or 4 As ♦ W 

Ac^ = 910 - 203 /C - 13.2 Ni r 64,7 si 4* l,(Vi V 4 31 , 3 Mo 4 I 3.l W 

The annealing temperature in the (a 4* y) phase field control b the volume* 

percent of austenite and establishes the austenite carbon content, thus 
affecting the hardenabi 1 ity of austenite-pools. The hardenability of 
austenite [38 -Ao] during intercritical annealing decreases vith increasing 
annealing temperature. The increased hardenability at lower intercritical 
annealing temperatures is apparently due to the higher carbon content of 
the austenite formed at those temperatures. In some typical dual •-phase 
steels containing Nb and V , It lias been observed that after intercrtical 
annealing at 760^0 and 810^\l the periphery of the austenite pool trans- 
forms, on cooling, to new ferrite in the same orientation as the ferrite 
retained during intercritical annealing. Thus the ferrite forms by an 
epitaxial growth mechanism without the formation of new interface or grain 
boundary. In the carbon enriched interior of the austenite pool beyond 
the epitaxial ferrite [38] , only martensite forms in the specimen annealed 
at 760^0, but various mixtures of ferrite and cementite form in the 
specimen annealed at 810^0. The latter structure include lamellar pearlite, 
a degenerate pearlite, and cementite interphase precipitation. However, 
the cooling rate dictates the balance between shear and diffusion controlled 
austenite transformation products. At higher cooling rate, the austenite 
present transforms fully to martensite# However, during slow cooling the 
austenite pool first decreases in sis&e by epitaxial-ferrite growth on 
retained ferrite. With continued cooling the remaininR austenite, enriched 
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in carbon, transforms to martensite, bainite or pearlile depending on the 
alloy content and cooling rate* A schematic micro structure map showing the 
volume percent of various phases present as a function of cooling rate is 
shown in Figure 2.2 [4l] . 

2.2.4 Formation of Aistenite in Dual-Phase Steels During Intercrit ical 
Anneal ing 

As the mechanical properties of dual -phase steels are primarily 
dependent on the amount, distribution and carton content of the martensite 
phase [ 42 ] , the mechanism of formation of austenite daring intercrit ical 
annealing cf these steels is of considerable importance. The earlier data 
[43-46j on the kinetics of austenite formation in dual-phase steels shows 
that at higher temperatures the growth of austenite is ('ontrolled by carbon 
diffusion in austenite phase, and the time for completion of this step is 
of the order of a few seconds. The austenite formed at lowr»r temperatures 
follows the simple inverse rule wliich relates tlve amount of austenite formed 
to the carbon content. Tn fact, at low temperat tires, the growtli of auste- 
nite is controlled by manganoH** (i if fusion in ferrltif snxl the time for 
completion of this step is mucli longer. Tlie various nit*pn [4*iJ that might 
be occurring during the transrornuit ion of the firrrite-pearl ite atructure 
into a ferrite-austenite one are claasifled into three steps: 1) nucleation 
of austenite at the ferr it<»-peari ite interface and its very rapid growth 
into pearlite until pearlite dissolution is complete; 2) slower growth of 
austenite into ferrite at a rate that is controlled by carbon diffusion in 
austenite at high temperature (aBSO^C), and by manganese diffusion in a 
ferrite at low temperature (*^750^0); and 3) very slow final equilibration 
of ferrite and austenite at a rate that is controlled by manganese diffu- 


sion in austenite . 
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Garcia and Deardo described the formation of austenite from 

^quenched and tempered' (exhibiting spheroidised Fe,^C in recrystallised 
ferrite matrix) and 'quenched and tempered plus cold-rolled' (exhibiting 
spheroidised in a cold-xolled ferrite matrix) starting structures during 

intercritical annealing of a series of 1 * 5% Mn-steel s containing various 
carbon concentrations (0.01%, 0.05%, 0.15% and 0.22%). They showed that 
the kinetics of austenite formation at 725^0 , for quenched and tempered 
starting structure, is not only slow but is also independent of the amount 
of austenite formed. On the contrary, the formation of austenite was 
extremely rapid at 850^0; the reaction being completed in less than one 
second. Austenite appeared to form slightly more rapidly from quenched and 
tempered plus cold-rolled starting structures than froiti only quenched and 
tempered or ferrite-pearl ite starting structure?! . 

2 . 3 Structure of Dual-Fhas e St eel b 

2.3.1 Distribution of Phase s 

The various heat -t reatment h an<l prwreaalug achedules have a marked 
effect on the distribution and morphology of coriiil l.tuenl: phases in the 
dual -phase steels [4?]. Thus, (he intermediate quenching process results 
in a distribution of fine rihroua martensite in the ferrite matrix, 
whereas intermediate annealing or intermediate normalising give rise to a 
distribution of fine globular martensite along the ferrite boundaries. In 
the step quenching process, on the other hand, the resulting structure 
consists of coarse martensite surrounded by ferrite matrix. Evidently the 
dual -"phase micro structure depends on the prior austenite grai.n size. This 
being larger in case of »te(>-quenching, the roHulClng distribution of 



phases tends to be coarser here than those obtained from the original 
martensitic and hypoeiitec to id structures. 

The ferrite grain size in dual -phase steels is very fine ('vlO pm 
dia.) because it is formed by intercr it ical annealing of either cold-rolled 
sheets for very short times or microalloyed controlled-rolled sheets for 
somex^at longer times. The ferrite is remarkably clean [l, 8, 10, 11, Li] 
containing insignificant amount of fine carbi.des, because most of the 
dispersed carbides present in the as-rol‘lcHl p(?arl it; ic steel dissolve 
readily on intercrit ical annealing. TransmisBion elec t ron m icroscopy of 
ferrite reveals unusually high density of d is! oi-at ir>n« ^ particularly in the 
vicinity of the martensite iBlands. On cooling from tlie intercr it leal 
annealing temperature, usually aorae ferrite s«*p4iriJles out from the austenite 
producing an extra concentration of carh*>n in the Htlll unt ransl ormed 
austenite. This new ferritt* , tonnlng epitax billy on tike old ferrite, is 
thought to have little or no )>ar t it Lon ing of the alloy ing elements, except 
carbon, during separation from the austenite* The e.xtent to vl\ich ferrite 
separates is greatly influenced by the balance bett^en ferrite stabilisers 
such as silicon and austenite stabilisers such as manganese, chromium, 
vanadium and molybdenum. On further cooling, the remaining austenite 
transforms to dislocated (lath) martensite or to twinned (acicular) mart- 
ensite depending on whether the carbon concentration is below or above 
about 0,35%. This limiting car1x)n content is greatly influenced by the 
presence of other alloying elements. 

When twinned martens it forms, the final structure always contains 
some retained austenite, 'the volume fraction of vitich increases with incr- 
easing carbon, content: and : decreasing Mg-temperature , Many m.icroalloyed 
dual-phase steels exhibit surprisingly large volume fraction (5-10%) of 
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retained austenite much of it in small isolated volumes [48-50] . Retained 
austenite, usually in small volume fractions, is also found in dislocated 
martensite structures formed from alloyed atiat eivite [ . 

2 . 3 ♦ 2 Effect of Heat -Treatment on Microstructur e 

A survey of the lic<?rature shows t hat: hardly any systc^matic study 
has yet been made to determine the effect of hiMit: •■'treatment on the fine 
structure of dual -phase steels. Of cour ne/F* K,M , studieH made on different 
inter exit ic ally-annealed dual •"phaae steels have shown tltal the fine struc- 
ture is characterised by rt^Kiona of high d Is l.ocat; Ion density close to the 
ferrite -martensite interfacf‘s and regions of low dislocat ion density in 
ferrite grain interiors [34]. 

Careful T.E.M, studies [4?] on dual -phase structures produced in 
a Fe-2 Si -0.1 C alloy by intermediate quenching, intermediate annealing and 
step -quenching , have shown no remarkable difference in their structure. 

The substructure of martensite was found to be similar in all cases. The 
ferrite regions showad the formation of suligrains in the intermediate 
quenched and intercr it icall y anneal ed structures Imt not in the step- 
quenched structure. 

The typical micro st rue tural features of dual-phase Fe-Mn-Si-0.1 C 
steels, with and without vanadium, after different treatments have been 
studied by Nakagawa et al [!>l] . The results showed that after icecMirine 
quenching from the intercr it ieal annealing temperature of 800^C , the steels 
(with or without vanadium) produced a structure consisting of dislocated 
(lath) martensite islands ismbeded in the ferrite matrix. The iced-brine 
quenched steels with vanadium showed a narrow zone of discontinuous pre- 
cipitation' of carbides near the martensite-ferrite interface, iwhereas , 
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steels without vanadium did not show such features. The micro structures 
obtained after air cooling from 800^C showed ferrite and a mixture of pear-- 
lite and upper bainite in both the alloys (with or witliout vanadium). 

After air cooling from 900^^C (solution t reatinont ) l lu* without vanadium, 

produced micro structure similar to that obtained by air cooling from 800*^ C. 
The small addition of vanad i\ini im[)rove<! tlie hnrdiuia hi I it y to n significant 
extent causing partial martensitic tran slorinat ton in spite of the presence 
of undissolved vanadium carbides after 900^^0 anneal ing. An uneven distri- 
bution of fine precipitates, assumed to Ix:'. V (C , N), throughout the ferrite 
matrix has also been reportful in an interer i t lea 1 1 y annealed V-N steel 
strip [ 52 ]. Specimens, intercrit ically annealed for short periods of time 

(1-3 min.) at 790^C produced precipitates conaiating of two particle size 

. Q ^ 

ranges, namely, a finer 40 to 80 A size and a coarse 100 to 300 A size 

range. After a longer period of anneal ('i'20 min.) the majority of finer 

particles disappear, while no cliange in distribution of larger particles 

was observed. Intercritical annealing of a Nb-microalloyed dual-phase steel 

has been found to produce a fine precipitation in the retained ferrite [38] . 

The precipitates have been assumed to l>e. mainly Nb-carbonitrides , the 

precipitate dispersion vn s i'ound to coarsen wi th Increa sing anneal ing 

temperature. 

It has been reported by earlier investigators [48, 53 , 54] that 
small quantity (^>^5%) of retained austenite may be present in slowly cooled 
dual -phase steels, especially those containing carbide forming elements. 

The retained austenite stabilised at room temperature is believed to exist 
in the form of small equiaxed islands rather tlian thin films as typically 
observed in lath martensitic structures [ 9 ]. 
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2.3,3 Effect of Tempering on Micro structure 

The microstructural changes occurring on tempering the martensite 
in dual -phase steels are similar to those produced by tempering quenched, 
conventional low-alloy steels [9]. It has been reported that tempering 
between 200 and 300^0 has an important influence on the ferrite [55] 
reducing the carbon in solution. Koo and Thomas [56] did not: observe any 
appreciable change in the martensite mor[)hol og y af t er tempering their 
dual-phase steels containing 30’/ martenHi t e at 200 C for orn^ hour. 

2 .4 Mechanical Properties o f Du al -Ili a 

2.4.1 Typical Stress-Stra i n Cur ves f or Dua l fU eel a 

Typical stress-strain (Mirv<»w for a plain carl)on steel, a high 
strength low alloy SAE 980X steel and an intercr it icall y annealed dual-^ 
phase SAE 98QX steel are shown in Figure 2.3 [58]. The low yield strength, 
continuous yielding, high initial work-hardening, large uniform and total 
elongations — these are the characteristics which distinguish the dual- 
phase steel from the other two. 

The strain-hardening exponent for low carbon and microalloyed 
steels can be determined frtm the linear behavlotir of the log 0 versus 
log e plots obeying the power law of lloriomoo [5?]: 

n ' ■ 

0' * K c 

where a is the true stress, c: is the true plastic strain, n is the work- 
hardening exponent ' and' K ■ i s the strengthening co-efficient. Similar 
behaviour has been obtainad for a number of dual-phase steels also [58, 59l. 
.Itowever , deviation fr^^ 1 ,i near ity has been observed for a few other 
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dual-phase steels [60], indicating that the power relation may not be 

applicable there. In such a situation, the work-hardening exponent can be 

evaluated at any specified strain level from the slope of the curve at that 

point [lO], In fact, considerable variation has been noticed in the value 

of n. Tdiich stands for an incremental value of n lor a small increment of 
1 

plastic strain for small straining. For alloys exhibiting multiple n- 
behaviour, the analysis suggested by Crussard jhlj and J/innlt l>)2j has 
been found to be more suitable than l-bltomon^s analysis. Tltey iise<! the 
Ludwik equation [63 J : 

n 

<T « o K ♦ 

y 

where is the yield strength and K and n are crjustants* In the Jaoult- 
Crus sard analysis, the Ludwik equation was re '-writ ten aw t 

In(^) - In(Kn) + (n - 1 ) In c 


,da 


The plot of In(j^) versus In £ delineates several distinct stages of 


strain-hardening during deformation, particularly at low strains. Simi- 
larly, an analysis based on the Swift equation (c ** + C where 

d u 

is the true plastic strain and e , C, m are conatants) utilises a In 

o’ ’ de 

versus In o plot to determine the parametera , C and m. 


2,4.2 Strength and Ductility 

The high strength steels [64j to be used for automobile components 
must possess two important mechanical properties, namely, high tensile 
strength, which is roughly proportional to both the fatigue and cruah 
resistance; and large total elongation wluch may be taken as a nuiHonnble 
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measure of formability. Yield strength, on the other hand, appears to he 
relatively unimportant from an engineering or application viex^;po^nt. 

Figure 2.4 [65] shows a plot of total elongation as a function of ultimate 
tensile strength for some of tlie commercially available high sCrength 
steels. The much superior performance of dual "phase steels compared to 
the conventional high strength steels is t|uite apparent t rom this figure. 

It is now generally agreed tlwt t he si rmigl h ol dual - phase steels 
is linearly proportional to the volume fraction of martensite present in 
the structure. Figure 2.5 [2lj shows the variation of the 0,21 flow 
stress and the tensile streitgt h as a fvinct i<ut of percent martensite for a 
series of Fe-Mn-C dual “^:)hase steels. These steels were heat **t rea ted in 
the intercrit ical region and then quenched to give structures containing 
various amounts of martensite, and martensite wi.th different carbon con- 
tents. It also appears that the strength of these dual-phase steels is 
independent of the carbon content of the martensite. 

It has been pointed out [66, 67] that the dual -phase steels obey 
the theory of composites. Hiis theory makes three basic assumptions : 

a) the two -component phases and the composite obey the power law, 

b) perfect interface matching exists Ixrtween the component phases, and 

c) the second-phase is in the form of al igned librae. 

It has been reported by Koo and Thomas |5 6j that ferrite and 
martensite in dual-phase steel b have perfect interface matching, illthough 
martensite in dual-phase steel is not aligned, at least during the initial 
stages of deformation, it has been sugge??sted by Davies [28j that this 
basically geometric consideration may b^^ unimportant in calculating the 
load bearing capacity of these steels. The theory predicts that, to a 
first approximation, the tensile strength of the composite is proportional 
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to the amount of second phase (law of mixtures), and tlmt thr- <luctility 
will be less than that inditutted by the lawoi mixluies }bh], Himerous 
analytical expressions [21, 42, 40, 58, 60 J luivi^ Immui afigKestetl by a number 
of workers to calculate tfie t i-nHile stiuMigtlis of dual sti'els from 
the volume fractions of ma r tensi t tt . 

It has been found out that the tensile strength of dual -phase 
steels increases with increase in the strength and hardness of the consti- 
tuent ferrite phase. In fact, it has been suggested that for optimum 
mechanical properties in a dual -phase steel, the ferrite should be very 
fine-grained ('\3 y size), free of fine precipitates and strengthened by 
substitutional alloying additions, such as silicon, wtiich do not have much 
effect on ductility. 

A number of studies [21, 22j on. severa l series of dual -phase 
steels have shown that, for dual-plvase steels witli upto about 30% marten- 
site, the ductility of the composite is sensitive to the strength and duc- 
tility of the matrix. Tn ot:her words, the ferrite matrix should l>e as 
strong as possible, maintaining at the same time a high ductility. Howver, 
it is common knowledge that higher the strength of the ferrite, the lower 
will be its ductility. The only way to get around this problem is to add 
some substitutional solute atoms which may increase the strength of ferrite 
proportionally more than the decrement they cause in the ductility values 

[22] . 

Superior strength/ductility combinations imply superior work- 
hardening behaviour [64]. A plot of the work -hardening rate as a function 
of strain for a number of conventional and dual-phase steels (Figure 2.6) 
show that the dual -phase steels have significantly higher work-hardening 
rates at all strains. Thus a fundaraental under «t «n<HnH of fhr superior 
strength/ductility behaviour of dual-phase steels tmiHt involve the 
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understanding of the mechanisms of wrk -hardening in these steels. 

2.4.3 D e f o rma t ion Be ha v i ox i r 

Attempts have been mad*' for predicting the «]e format ion behaviour 
of dual-phase steels by using models fho] <ievelo)n'd for compositeB. Dual- 
phase steels have been considered as compos i. tea of strong martensite and 
soft and ductile ferrite (17, 36, 71 J. limiting mai«*1 s an* available 

for two-phase composites. are the equal -st rain and tin* equal-stress 

models. The equal-strain case in dual -phase steel is not fulf i lled ( 72j 
as because there is partitioning of strain as well as stn^ss, between the 
ferrite and the martensite, sucli that the strain is considerably lowc^r in 
the harder component than the softer. The equal -stress case seems to be 
totally unrealistic since it requires a very small fraction of ferrite 
which undergoes an extremely large strain [73j. For dual-phase steels 
containing a hard phase distributed in a soft matrix, an intermediate 
situation seems to be valid [74]. This means that neither the strains nor 
the stresses are equal in t:he two phases, Ibwver, Ostr^fm [73] concluded 
that the analysis, on the basiB of the intermediate theory, suffers from 
a number of drawbacks. In fact, all the above theories completely overlook 
the size, shape, number and the di 8tril>ijit Ion of the martensite islands in 
ferrite matrix which influiuice the deformation behaviour of dual-|>hase 
steels. These aspects should have to be considered in order to propose a 
realistic model to explain the mode of deformation and the mexhanical 
properties of dual-phase. .sl:eel8..■ 

The fracture behaviour of dual-phase steels has also been studied 
by a number of workers [75 , 7 6]. J. number of mechanisms have been proposed 
by them to explain the fracture of dual-phase steels caused by tensile 
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and other kinds of load. Systematic wrk done on a mimber of Mn-Si-V dual- 
phase steels [ 77 ] has indicated that no single fracture mechanism operates 
in dual-phase steels. On the contrary, all of the following mechanisms 
could be operating almost simultaneously. These are (1) decohesion at 
ferrite-martensite interface, (2) fracture of martensite , (3) crack form- 
ation in ferrite with localised high stresses, and (4) void formation around 
inclusions. It has been suggested that [ 77 ] during tensile loading the 
load will be transferred via the softer ferrite matrix to the harder 
martensitic phase which, as a result, will he subjected to an excess of 
stress. During the later stages of this process decohesion of the marten- 
site-ferrite interfaces may occur. Nearing the end of the uniform elongation 
stage, some of the martensitic areas, where sufficient stress has already 
been built up, may fracture. At the same time voids may be formed around 
the larger inclusions due to the tensile stress. These large voids may be 
linked up by small-sized raicrovoids initiated at smaller inclusions. As 
a result of all these, the €»ffective cross-sectional area of the specimen 
will go on decreasing very fast leading to necking. At this stage the 
ruptured martensitic areas may act as sharp notches leading to cleavage 
cracks in the ferrite which finally leads to cleavage fracture of entire 
ferrite grains. 

2.4.4 Sheet Forma bil it y 

The formability of sheet metals depends, to a large extent, on 

their mechanical properties, in particular, their ability to distribute 

1 do 

strain. This is characterised by the dimensionaleBS parameter, ^ TJ » 
tdiere 0 is the current value of flow stress and — is the current rate of 
hardening. This parameter decreases in successive stages, as the strain 
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increases, with the consequence that the material bcicomee progressively 
less able to spread the strain to less deformed parts. The strain ultima- 
tely concentrates into a diminishing volume causing a ductile fracture by 
void growth and coalescence [59], Therefore, the property requirements 
which strongly influence the formability of sheet metals are : 

a) its work-hardening behaviour which may be estimated from its work- 
hardening coefficient, 

b) plastic anisotropy, 

c) strain-rate sensitivity, ductility and also the tejmperature of 
forming . 

All metallurgical factors which influence these properties can be used to 
improve or control the formability of a sheet metal. 

The work-hardening coefficient ’n* can be used to measure the 
degree to which a material can distribute strain or work-hardening effec-^ 
tively. Materials with high *n*-value will be able to sustain work- 
hardening more and will prevent localised strain concentrations within the 
material. 

The property of having different strengths in the plane of the 
sheet and normal to the sheet is called ’normal anisotropy’ and the pro- 
perty of having different strengths along different directions in the plane 
of the sheet itself is termed as ’planar anisotropy’. It is common prac- 
tice to refer to both the properties simply as ’plastic anisotropy * . 

Press performance , combining stretching and drawing operations > correlates 
with both strain-hardening exponent ’n* and plastic anisotropy. The 
directionality' of properties is characterised by the ’r’-^alue (also 
called the plastic , strain ratio) wtiieh, was originally suggested by Lankford 
et ■'■■al' [js] , Tt iS' defined' 'as ' 
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where e and e are the true strains in the width and thickness direc- 
w t 

tions. w and w- are the initial and final widths, and t and t^ are the 
o f ^ o f 

initial and final thicknesses. Considering the fact that the strength in 
the plane of the sheet itself can be different along different directions, 
an average strain ratio can be determined by averaging over the strain 
measured parallel transverse 45^ ^^^45^ rolling 

direction; i.e. , 

r + 2r, c 
o 45 90 

r = 7 . 


In general, it is found that r^ , r^^ and r^^ have significantly different 
values for a given sheet material. This condition leads to the formation 
of * ears' in thin sheets. It has been found necessary to adopt yet 
another parameter tsr defined as follows : 
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For a sheet metal which is fully isotropic, r would then be equal to unity 
and AR equal to zero, r > 1 indicat es that the average strength in the 

plane of sheet is lower than that across the thickness and vice versa for 
the situation . #ien r .< 1# Consequently*'; sheet steels with revalues much 
larger than unity will be, highly resistant to uniform thinning and there- 
fore very desirable for the purpose of deep-drawing * WIriteley et al 
[79, 80] have demonstratid that in drawing, the higher tlie r-valtie of the 
material the deeper is the dt/iw. 
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Although the strc'trli formability of dun I -phafie Bteel b is excel- 
lent in relation to their fH;rf?Tigt:h level, the deep drawubility tends to be 
less impressive because of the following facts. Firstly, it is difficult 
to develop the appropriate crystallographic texture necessary for high 
normal anisotropy (high r-value) because of alloy additions as well as 
fine carbide dispersions which must be present in the hot band prior to 
cold rolling. Secondly, it has been shown [Sl-BS] that even when texture 
is suitable, the hard martcMisite phase perturbs the ferrite deformation 
and so reduces the r-value of the steel. Kurihara et al [82 j showed that 
this degradation of the r-value is dependent on tlie volume fraction and 
proximity of the martensite islands and the hardness ratio for the marten- 
site and the ferrite constituents. liutchinson [84j showed that both normal 
and planar anisotropy are reduced by the presence of martensite constituent 
in dual -phase steels. This reduction is due to the super imposit ion of an 
isotropic hardening component on an anisotropic matrix. An additional 
factor xiiich may influence drawability of dual -phase steel [ss] is the 
presence of a strength differential betx^en tension and compression and 
this effect may be expected to increase the flow stress in the flange 
deformation zone relative to the base or wall of the pressing. Such a 
situation will lead to a reduction in deep-drawability . 

2.5 Hecrystallisation and Texture Development in Dual-Hiase and 
■ ' CoTiv^nt ional Deep-Drawing Quality Steels 

2.5.1 Pbenomenon of Recrystallisation 

The normal process of rccrys ta 1 1 i sat ion of defonned mentals con- 
sists in the nucleation of small regions of nearly defect-free crystals 
or grains and their grovali into t!ie surround Ing dofoifmiBl material. It is 
now widely accepted that rvur vmI a I 1 i sat Ion <lot'a not involve uu«*1eal'ion in 
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the classical sense [86] , but is a continuous process of growth in wiiich 
the embryo is at all stages stable with respect to its surroundings. The 
growth process, however, does not occur with a constant velocity. There 
is an initial incubation per iod in which only slow change or growth 
(primary) takes place, normally followed by a very sharp rise in rate, 
known as the secondary growth stage. Three conditions must be satisfied 
if a given volume of cold-worked matrix is to generate a recrystallised 
grain by growth from a cell or subgrain. A high local stored energy (small 
cell size) should be present to provide a high driving force. There 
should be a steep spatial gradient of stored energy (wide distribution of 
cell sizes or cell-boundary miser lent at ions ) to develop local instability, 
and finally there should be a sharp lattice curvature so that a growing 
embryo can quickly achieve a high-angle boundary. 

2. 5. 1.1 Nucleation 

The driving force for primary recrystallisation is the stored 
energy of the previous working procesBes. Howevt*r , nucleat ion appears to 
be a highly heterogeneous phenomimon [87-“9'jj occurs mainly at particular 
features of the microstructure stieh as prior grain toundaries, deformation 
bands and inclusions. As a consequence, to investigate the process of 
nucleation, studies on the detailed microsfcructiire of the identified 
potential nucleation sites in the da formed maferiai (%, are required. 
This has been done by means of a niimber of direct obiiervat: Ion techniques 
such as high-voltage electron microscopy [96, 97j or photo -emission elec- 
tron microscopy [98, 99], The indirect approach includes highly resolving 
metallographic techniques such as transmission electron microscopy (T.E.M.) 
[94, 95 ] ^long with selected area diffraction facility and Fbssel X-ray 
diffraction [98 , lOl] tcjchnique^ now known that nucleation 
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consists of the selective growth of preexisting subgrains [l02, lOS] that 
have, or very rapidly acquire a misorientation of greater than 15°-20° 
with respect to the immediate neighbourhood. Such subgrain structures are 
produced in the deformed state in very heavily deformed metals. Although 
in a few cases coalescence of several smaller subgrains leading to a large 
one [1C4-108] is required before nucle/ition could occur, it doiia not 
necessarily mean that coalescence is alviiys necc unary. Since coalescence 
is apparently a slow process [109, 11 oj , if an enlarged anbgrain with a 
high local misorientation has l>een produced by live di'f ormat Ion process 
alone, then nucleation can occur without any Huhgrain conlescenc<» fill]. 

In most of the cases, however, growth of subgrairta takes placid by way of 
subgrain-boundary migration , leading ultimately to the formation of a 
recrystallisation nucleus. 

Nucleation within grains is commonly observed only after moder- 
ately high deformations, since at low strain the lattice curvature is not 
sufficient to allow a high-angle boundary to be created. Dillamcre et.al. 
[ill, 112 ] have found out that in the substructure of a heavily deformed 
material, the local value of the strain energy varies with the orientation 
of the rolling plane. Thus in cold-rolled iron, for a [lio] rolling 
direction, the stored energy calculated by Dillamore et.al. [II 2 ] rises as 
the rolling plane alters from (001 ), through (112) and (111) to (110), 

It was pointed out by them tliat this se<|uance of increasing stored energy 
corresponded to an increasing Taylor M--value ( * I dy/de , where E dy is 
the sum of the, shears on, ;the operating, slip- planes and de is the largest 
principal strain)* On the basis of the above Ideas, it may be concluded 
that the ease of nucleation wou Id be orientation sensitive. The variation 
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of the rate of nucleation with orientation, according to these models, is 
shown schematically in Figure 2,7. As per this figure, during subsequent 
recrystallisation anneal, the (Oil) and (111) texture components should 
nucleate first and therefore have the longest available time for growth 
before impingement occurs. The very low density of the (Oil) orientation 
in the cold-worked material, however, means that this is unlikely ever to 
become very strong. The least favoured orientation, (100), is predicted 
to disappear on annealing due to its conaumpt: ion by the growtrh of grains 
having other orientations. Thus, the most favoured orientation after the 
recrystallisation anneal is going to be. (Ill ) and predominance of this 
texture component has, in fact, been confirmed in y Htall i sed steels 

[113]. 

So far as nucleation at grain h)un<farles la concerned , two aurcha 
nisms have been suggested wt\irlv may lead t <» formal ion of recryst al 1 ised 
grains. Either the existing !>oin>dary may Iww out into t bi‘ gra in wliicli has 
the higher stored energy at the boundary, or else the nucleus may develop 
from a subgrain close to tltat grain boundary. For Ixith types of mechanism, 
the new grain orientations would l)e close to the orientation of the matrix 
in ^ich they formed. Fbwever, the relevant matrix orientations near to 
the grain boundaries are generally rotated away from that of the grain 
centres. Therefore, the above two mechanisms would be expected to intro*^ 
duce recrystallisation texture components that have orientations near to, 
but not at, the deformation texture components. 

When the deformation of metals is constrained, as in polycrystals, 
single grains are often observed to deform Inhomogeneou si y leading to 
mutually misoriented blocks (deformation bands) separated by narrow bound- 
aries which accommodate the misorientations between the blocks. These 
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boundaries have been named micro“band« ( or trunwlt ion IvindH [95]* These 
are made up of closely spaced sub-boundaries, wtiicb manifest cumulative 
misorientat ions , Because of Che high local stored energy and the rapid 
change of orientation across ttie elements of n transition band, a high 
angle boundary can be easily generated there and this will, therefore, 
favour nucleation in those sites. Dillamore et^al. [ill] showed that for 
b-c-c. metals like iron the most favourable orientationa for nucleation at 
transition bands are {110} <00 >, {100} <011> and {11, 11, 8} <4, 4, 11> 
(near {ill} <11 2> orientation) in that order. A second kind of transition 
bands may be formed in crystals of almost any orientation at low or moderate 
strains [114]. Ibcleation at these sites is expected to contribute to the 
weak or random recrystallisation textures so often observed following low 
deformations. Nucleation within transition bands differs from that des- 
cribed earlier in the sense that the orientations of the new grains upon 
recrystallisation may differ widely from those of the deformation textures* 

2 . 5 . 1 . 2 Effect of Second Phases 

As a general rule, presence of widely spaced coarse particles 

of 

enhances nucleation and the rate/recrystallisation if present before defor-' 
mation [llS] , \Aiile finely dispersed particles normally reduce the recrys*- 
tallisation kinetics, having a greater retarding influence on nucleation 
than on growth fll6] . Precipitation during recrystallisation (disconti- 
nuous precipitat ion) should theoretically be capable of increasing the 
growth rate, though there does not seem to be any clear evidence for such 
behaviour in practice."'' 

The recrystallisation textures are greatly affected by the way in 
which second phases influence the process of recrystnll i sation. Depending 
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on the particular system used, similar effects may be obtained where the 
second phase is precipitated before deformation or in a deformed structure 
prior to recrystallisation. Fine dispersions of second phase particle, 
like niobium carbide [ll?] and titanium carbide [lis] (forming before 
deformation) or aluminium nitride [ll9] and copper [l20] (forming in the 
deformed structure prior to recrystallisation), all have been found to 
have a relatively larger retarding effect on the overall nucleation rate 
than on the growth rate. In such cases the recrystallisation texture 
will show increased selectivity and will become even more strongly biased 
towards the most favoured orientation nuclei. In case of steel, precipi- 
tates, such as AIN, NbC and Cu have precisely this effect under suitable 
circumstances, and lead to considerable strengthening of the {111} texture 
components at the expense of those near {100}, In addition to the overall 
retardation of nucleation rate, it is possible that fine scale precipita- 
tion may interact adversely with certain types of nucleation site. For 
example, where AlN is effective in strengthening fill} textures in steel, 
it also acts to suppress the {110} sheet-plane texture [l2lj and particu- 
larly the Goss component {110} <001>. 

2. 5. 1.3 Effect of Solid Solutions 

It is commcn to observe that the addition of second elements, 
which form solid solutions in the parent metal , also give rise to changes 
in texture. As an example may be cited the works by Hu and Goodman [l22], 
and Hughes and Page [l23] in steels with varying manganese contents. They 
showed that reduction in manganese level (except at very low levels) causes 
an increase in the {111} texture components and therefore an improvement 
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in normal anisotropy and drawability, Giles et.al, [l24] also found 
similar results in a comparative study of normal and lovr-Mn steels. In 
general, the effect of solid solution elements is to weaken the sharp 
textures found in pure metals and to lead to extensive retention of rolling 
texture components in cases xsiiere solute drag is par tictilarl y strong. 


2, 5. 1.4 Texture Development During Grain Growt'h 


After primary recrystall isat ion is complete there is tisually a 
rather diffuse spread of orientations together with the rec rysta 1 1 isa t ion 
texture components, wiiich are often not very strong. These components 
strengthen at the expense of the diffuse spread, and there is sometimes 
a redistribution of density between different components during the subse- 
quent grain-growth process. By this process of texture sharpening the 
densities of the Goss component and the {111} sheet plane orientations are 
enhanced in steel where these are present after recrystallisation [l25j , 
The explanation of this behaviour is to be found in the mechanism of grain 
growth and the structure produced by recrystallisation [l26]. During 
grain growth, large grains grow at the expense of small ones in a manner 
which Hillert [l27] has described by the equation 


dt 




where R is the radius of the grain under consideration and R is a charac- 

" cr. 

teristic or average grain size. Grains larger than R grow, while those 

"Cr 

that are smaller shrink and disappear, If the grain-size distribution for 
grains of a particular texture component is biased to larger sizes than 
the average distribution, then these grains will prosper during the growth 
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process and their texture will be correspondingly strengthened. The cons** 
tituent grains of the recrystallisation texture are those that nucleated 
first and therefore have had the longest time for growth into the cold- 
worked matrix. They may also have been favoured by an enhanced growth 
rate. In cases where the initial growth stage has been strongly impeded, 
for example, by solute drag, the orientation-dependence of grain size may 
be reduced xd.th the result that subsequent grain growth causes little 
change in the texture. 

When second-phase particles are present in sufficient numbers 
these may provide a constant reaction to the movement of grain-boundaries, 
thus modifying the fundamental equation of growth to 


dt 


K(i - 1- i Z) 

cr 


where Z is the reaction term due to particles, which always acts to dec- 
rease the absolute value of dR/dt. 


2.5.2 Texture and Its Representation 

It is now known that for hot-rolled or cold-rolled and fully 
annealed metals and alloys there exists a certain degree of preferred 
orientation or textu ie of the grains with respect to some crystallographic 
planes and directions. Texture affects, amongst others, the mechanical 
and physical properties of materials. For example, sheet formability of a 
metal is very much influenced by its annealing or recrystallisation texture. 
In fact, examination of textures can provide useful complementary inform- 
ations in the study of recrystallisation and related phenomena. 
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Textures are usually reprc»flente<l by meaiifi of |)ole-*-r igtrrf » , These 
are simple stereographic pro jectionH whicli show the dlwtr i Ixit ion of par- 
ticular crystallographic directions in the assembly of grains that consti- 
tute the metal. Of course, the pole-figure does not have any meaning unless 
it contains some reference directions. These are normally taken as some well- 
defined direction in the specimen itself. For example, in case of rolled 
sheet material the rolling direction (EID), the transverse direction (TD ) 
and the normal direction (M) ) are usually taken as the reference directions 
in the corresponding pole-figure. Figures 2.8(a) to (e) illustrate the 
procedure for representing texture by pole-figures. In fact, the sheet is 
considered to sit at the centre of the stereographic sphere with RD, TD 
and W directions as the K, Y and Z axes (Figure 2.8a). The orientation of 
a single grain in the sample can then be easily represented by plotting, 
say, its three (100) poles in a pole-figure. Normally, all the poles 
concerned are projected on to the equatorial plane producing a stereo- 
graphic projection (Figure 2.8b). For a polycrystalline sample the (100) 
poles for all the grains should be similarly plotted in the pole-figure. 

If the resulting plot shows that the poles are distributed rather uniformly 
over the area of the projection then there is obviously no texture and the 
specimen is said to possess a ^random’ texture. In practice, however, the 
poles tend to cluster together in certain areas of the pole-figure to 
produce a texture (Figure 2.8c). It is usual to collect data from many 
grains simultaneously and to present this in the form of density contours 
on the pole-figure (Figures 2.8d-e). The density values are expressed 
relative to that which would be expected for a specimen having a random 


orientation.. 
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In texture wrk the mowt important metliod in t lie past and probably 
also in the coming years is t<^ measure pole-figureM by X-ray diffraction. 
Uptil now many interesting goniometer variations have !»een d>velo|>ed and 
it is possible now to draw fairly accurate pole-figUTes from X-ray diff- 
raction data. Two X-ray diffraction methods must be used to cover the 
x^ole pole-figure. The first of these, call(?.d the transmission method, is 
due to Decker, jtep and Marker [l28j and the second method, called the 
reflection method, is due to Schulz [l29j. No quantitative measurement of 
texture is, however, possible from pole-figures. The fundamental reason 
for this is that a general orientation has three degrees of freedom 
Xvhereas a pole-figure specifies only two independent variables. Such 
figures are, therefore , only 'projections' of the three-dimensional orien- 
tation distribution function (O.D.F.) which is the full description of a 
texture. Mathematical methods have been developed v^iich allow O.D.F. 's 
to be calculated using numerical data obtained from several pole -figures. 
The procedure of Williams [l30] uses an iterative least squares solution 
■while Roe [l3l] and Bunge [l32] independently proposed methods using gener- 
alised spherical harmonics. The latter methods have been most •widely used. 
An O.D.F, describes the orientation density in a three-dimensional 
orientation space formed by the three Euler angles , <j) and » which 
describe the rotation of the crystallographic into the specimen co-ordinate 
system. Figure 2.9 shows how, using the Euler angles, the transformation 
of the sample frame S into the crystallite frame C occurs by a set of three 
consecutive rotations namely : 

1. A first rotation around the normal direction ND transforming 
the transverse direction TD and the rolling direction RB into the 
new directions TD ’ and RD' respectively, haw to have such a 
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value that RD ^ will [ver pend icul a r t;o t hi* plane fumed by Ml) 
and [OOl], 

2. A second rotation cf) around the new dirf'ction fU) * with having such 

a value that ND is traits formed into looij Cr* isfl) ' ) at\<! 'FD ' into TD”. 

3. A third rotation around ! 001 J (’» NO’) with having such a value 
that RD * is transformed into f lOo] and TD ' into [Oio], 

The O.D.F. is then mostly plotted by contour lines in a series 
of sections through the Euler space. The O.D.F. can, in practice, be 
obtained if the different orientations and their volume fractions are 
known. In this way three-dimensional O.D.F. 's could be derived for a 
number of metals and alloys from selected area diffraction measurements 
done on their foils in a transmission electron microscope* This method, 
however, is extremely laborious. Therefore, novr-a-tlays the O.D.F* is 
mainly reproduced from a series of pole-figures by the application of the 
series expansion method. In this method the O.D.F. is expanded in a 
series of generalised spherical harmonics (() ^ 2 ^ expansion 

coefficients are derived from the corresponding series expansions of 
the pole— density distributions (pole-figures). 

Although the methods involved in detennining an O.D.F. are quite 
complicated as compared to a conventional pole-figure, the much higher 
resolution of the former in comparison to that of the latter more than 
justifies taking all the trouble to go for an O.D.F. 
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2,5.3 Development and Control of Anneali ng Tax in r e n Cb nvent ional 
Deep-drawing Quality Steal « and Du a 1 Bi a h 

2 , 5 . 3 , 1 Conventional Deep-drawing Cjualil y t h 

Conventional deep-drawing qtial ity ataiVt a baalrally fall into 
two categories, namely, rimming and aluminliim-ki I lad. Tba diffaranci^s in 
composition primarily relate to tbeir oxygen content;, Le, , deoxidation 
practice. Rimmed steels Imve a low r--value, around 1.0-1. 3, and are 
characterised by a very flat (weak) texture. The strongest components in 
this weak texture are {111} <110> and {111} <112>, but there is also present 
a significant amount of the detrimental {100} <001 >. Al-killed steels 
yield much higher r-^/alues (1. 6-1. 8) and are characterised by a much 
stronger {lll}-'type texture and much weaker {001} component. The recently 
developed lowHMn and P containing steels also exhibit strong {111} texture 
and high r-values fl33] . 

The interstitial -free Ti-stabilised steels have higher r-^values 
than AL -killed steels and are characterised by a sharp {554} <225> texture 
which differs from the {ill) <n2> orientation by only 6^ [l34]. Steels 
stabilised with Nb also yield high r-values and exhibit a sharp {554} <225> 
type texture. 

The control of rvalues in deep-*drawing steels would obviously 
depend on the control of the development of a siiltable texture whxchj, xn 
turn, involves the careful control of metallurgical processing parameters 
and composition* The effects of these parameters are discussed below. 

a) C omposition : The major compositional factors which contribute to 
the formation of annealing textures in deep-drawing quality steels are : 
carton and cement itCj the aluminium nitride reaction in killed 

steels, nitrogen content and nitrides, manganese content and its 
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interactions^ effect of phosphorous, titanium and niobium plus the effect 
of some other elements like Si , Nj , (V etc* 

In general, for a steel ^ r-value inn tea sen f>rogrefi si ve 1 y with 
decrease in the amount of carliott. In conventional commercial practice a 
carbon content around 0.032! in satisfactory for the production of deep- 
drawing quality steels* Howevf?r, at much higher carbon contents, the per- 
cent cold reduction and the annealing cycle have to be suitably modified 
[ 135 ] . The prior cold reduction that correspond to the maximum r-value is 
found to change from ^70% for higher carbon steels to '^90% for the lowest 
[135 , 136]. The above behaviour has been observed after box annealing with 
slow heating. Later work have indicated that carbon levels and carbide 
dispersions are even more critical during continuous annealing. Experience 
has shown [l37-140] that final textures are improved by coiling the hot 
band at higher temperature, i.e., above "^700*^0, wtiich causes much coarser 
dispersion of cementite. With progressively higher coiling temperatures » 
the carbide constituents become coarser and more widely dispersed* Although 
there has been much discussion as to why a coarse carbide dispersion is 
favourable for texture development during rapid annealing, some disagree- 
ment still remains. Much evidence has now been accumulated [l37 , 138, 

141, 142 ] to show that the major factor here is the purity of the ferrite 
matrix with respect to carbon during the annealing process. If the carbides 
are widely spaced and if the steel is heated rapidly after cold -rolling, 
it is .possible, for recrystallisation. .of ferrite to take place before signi- 
ficant re-solution of the carbon can'-take place.'- ;. The resulting texture 
contains, a stro.ng {111} component. . 

In case of Al-killed steels, it is dasirable to have an optimum 
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soluble aluminium content of 0, 025-0. 040% and nitrogen level of 0.005- 
0.01% for the best r-values [l43] . Leslie et al [ll9] confirmed that 
recrystallisation of cold-rolled steel could be modified by the precipita- 
tion of aluminium nitride (ALN ), and identified quantitatively the nece- 
ssary conditions for successful processing. Like the nuclei of other 
orientations, the growth of the more strongly driven {111} nuclei must 
also be hindered by the ALN, but, in the absence of competitive nuclei, 
eventually come to dominate the final texture. So far as is known, the 
dissolved aluminium and nitrogen play no special role during cold-rolling, 
but strongly influence recovery and recrystallisation on subsequent annea- 
ling. During slow heating a process of agglomeration of nitrogen and 
aluminium occurs, which retards structural changes in the steel and modi- 
fies the resulting texture. 

The condition of maximum plastic anisotropy is accompanied by a 
maximum grain elongation or ’pancaking’ and also corresponds to a maximum 
grain size in the annealed product [l44]. It is now agreed that the 
pancake grain structure after recrystallisation results from the reduced 
nucleation frequency and the extended growth range of the new grains, 
combined with the tendency for -ALN precipitation to occur in ’sheets’ on 
prior grain-boundaries and su b -bound ar ie s . 

Ihngsten additions [l45j yield large r-values ; however, resistance 
to strain aging in these steels is not satisfactory. Duggan and Hutchinson 
[146] reported a strong (111) type annealing texture in a steel containing 
1.2% copper, idditw^ of large amount of Cu gives rise to diminishing 
stretchability and also shows a poor resistance to strain aging. Large 
amount of work has been carried out in recent years on Ti and Nb-treated 
deep-drawing, steels# Addition, of Ti and. Nb in' sufficient quantities to 
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remove carbon and nitrogen from solid solution, considerably increases the 
r-v-alues of the steels [ll8, 134, 136, 147, 148]* A ratio (wt . %) of 
[Ti] /{ [c] + [n]} > 10 and a ratio (wt . %) of [Nb]/f f c] + | n]} of about 8 
seem to be optimum [l50, 151 , 132], 

It is now^a-days agreed [l36, 148 , 150-“153] that annealing textures 
in Ti and Nb-treated deep--drawing steels are controlled by precipitated 
carbonitride particles, vhich interfere with the nucleation and growth of 
recrystallised grains, Hu [l33j has reported that the characteristic 
texture of ALN steels is fill) <110>, whereas with Ti, Nb and most other 
recently developed steels the texture is usually centred on {111} <112> 

or, more precisely, on {554} <225>, Besides improving r, Ti or Nb-addition 
also helps in controlling strain-aging. 

The addition of vanadium, \diich is also a carbonitride former can 
increase the r-value [l43], but not to the same extent as Ti or Nb. The 
new generation of extra-deep-drawing steels is therefore expected to be 
primarily treated with these elements. 

Manganese, which almost invariably represents the largest alloy 
content in deep-drawing steels, is perhaps also the most complex addition 
in its effects on annealing -texture formation. A low Mn-content [l22, 133 , 
154], preferably below 0.05%, is found to be effective in increasing r in 
low-carbon steels, which is associated with strong {111} texture compo- 
nents. When the level of Mn goes below 0.005% an erratic behaviour is 
observed showing drastic drop in r , suggesting a possible role of other 
impurities. As Mn-content increases above 00.1%, a decrease in {111} 
component intensity during recrystallisation followed by a ' gradual''; increase:; 
through' grain' growth, has 'been O'bserved [l33, 155]. 
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The influence of P~addition on the drawing properties of lo'w- 
carbon steel sheets is characterised by their usually high r and low Ar- 
values in almost direct proportion to the percentage of phosphorous [l56- 
16l]. The recrystallisation texture of these steels consist of a very 
strong {111} <112> component. According to Matsudo et al [I 62 ] phosphorous 
improves the texture only when carbides are present and when slow heating 
is used. In the absence of carbon, P is clearly deleterious to texture. 

It is important to note that P also acts as an antidote to the deleterious 
effects of Mn and dissolved carbon [158]. 

Tungsten and copper additions [l45, 163] are found to increase the 
r-values of deep-drawing steels. Additions of silicon in quantities upto 
^l7o seem to have little influence on recrystallisation or the resulting 
texture [l22]* ^ 

b) Processing Variables : The final quality of cold-rolled and anne- 
aled low carbon sheet materials depends on every stage in the processing 
history, which includes hot-rolling, cold-rolling and annealing cycles. 

It is certainly necessary to control the conditions of hot-rolling appro- 
priately along with the critical soaking treatment preceeding this, espe- 
cially with Al-killed steels during recrystallisation anneal. For practi- 
cally all types of deep-drawing steels it is required to finish rolling 
slightly above Ar^ transformation temperature with the intention of 
producing a fine hot-band grain size while avoiding the presence of 
deformed ferrite or premature precipitation of MN (164-166]. In case of 
Nb-treated extra low carbon steels, the final r-values increase with heavy 
reductions* low finishing . temperature, and high rolling speed, apparently 
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in relation to the grain size and carbide dispersions in the resulting hot 
band [l67]. 

The effect of cold -rolling reduction in controlling the texture 
and deep-drawability of annealed steels is of utmost importance [ll3, 168- 
170]« With small cold reductions, a weakly developed texture is finally 
obtained which contains the Goss component, {110} <001>, in addition to the 
{ill} <110> orientation. On increasing cold-reduction the Goss component 
is weakened and the {ill} intensity increases and the centre of spread 
changes from {ill} <110> to {ill} <112> which is very near to the 
{ 554 } <225> orientation [l7l] . After still higher deformation the {111} 
component continues to increase, but is accompanied by near-ilOO} components, 
such as { 411 } <148> and {411} <011> which are very harmful to useful 
plastic anisotropy; The optimum amount of cold reduction of about 70-^0% 
has been considered fruitful for both rimmed and Al-killed steels to 
achieve the best r-values [ll3, 143]. 

The coiling temperature of the hot-rolled strip and the heating 
rate in the annealing cycle following cold-rolling are two other process 
variables of great significance* These parameters, generally show their 
combined effect on texture development , and also interact in a complex way 
with other variables [l44, 150, 172, 173]. Figure 2.10 summarises a number 
of typical behaviour patterns for various classes of deep-drawing quality 
steels# 

Higher annealing temperatures will generally improve the aniso- 
tropy of the product, but a temperature above the eutectoid causes auste- 
nite transformation and coarse grain boundary cementite precipitations 
during the subsequent slow cooling stage. They may have a very adverse 
effect on ductility. In order to avail annealing temperature even upto 
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900 C, it is advisable to remove carbon by open coil decarburisation or by 
combination with Nb or Ti [l74]. Above this temperature, the a y -*■ a 
phase transformations cause the ferrite texture to be almost randomised so 
that any anisotropy is destroyed. In case of continuous annealing practice, 
the cooling rate is sufficiently high to avoid the problem of grain boun- 
dary cement ite precipitation, and so annealing in the intercritical range 
can be employed with advantage. 

2. 5. 3. 2 Textures in Dual -Phase Steels 

Only a limited amount of results on texture studies in dual-phase 
steels is available in the literature. It is known that dual-phase micro- 
structures can, in theory, be obtained practically in all sheet steels 
reheated to the intercritical range, ^ere both austenite and ferrite co- 
exist , followed by accelerated cooling which transforms the austenite 
phase into martensite. Alternatively, dual-phase steels can be produced 
directly from the rolling heat in hot-strip mills. It has been shown [l75] 
that for the former type of processing texture components of the type 
{111} <110>, {111} <112>, {337} <110> and {337} <776> may be obtained in 
dual-phase steels. The intensity of the {111} <uvw> components have been 
reported to be quite moderate, vrtiereas {337} <uvw> components have extre- 
mely low intensity. It has been suggested that both {111} and {337} type 
fibre textures may be present in intercritically annealed dual-phase steels 
in addition to some minor components such as {310} <001> and {110} <001>. 

It has also been reported [l76] that the textures in hot-rolled 
dual-phase steels can be described as {111} <011> + {111} <112> for some 
and {112} <110> for other compositions. In an "as hot-rolled" 
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chromium-molybdenum steel, the texture has been found to change from 
{110} <001> type near the sheet-surface to {100} <011> + {111} <112> type 
towards the mid-section [17?]. 

Very little research effort seems to have been devoted to the 
development of dual -phase steels with good deep-drawing properties. It is 
known that for the purpose of producing a dual-phase steel with good deep- 
drawability, it is necessary to develop a strong {111} texture in the 
annealed sheet. Work by Ray flTfi] on a 0-Mn-Si-V dual -phase steel has 
shown that cold -deforming the inCercrit ically annealed (at 750^ C) steel 
by 50%, 70% and 80% produced a texture consisting of a moderately strong 
{111} <112> and a rather weak {111} <110> component. The value of the 
maximum of the {111} <11 2> component increased from 4-random for the 50% 
cold— rolled material to 6-random for the 80% coldrrolled material. Ray 
[l78j has further reported that, in the same material, intercritically 
annealed at the higher temperature of 790°C, 50% and 70% cold-rolling 
produced the same texture components as before, although of much lower 
intensity. In contrast , however, the pole-figure for the 80% cold-rolled 
material showed a nearly random texture. Annealing the cold-worked sheets 
at 700° C led to recrystallisation of the alloy by an in situ mechanism 
whereby the deformed regions recrystallised giving rise to strain-free 
grains of almost the same orientation. This has been cited as the reason 
^y the annealing textures of the above materials were found to be rather 
similar to those of the corresponding cold-rolled materials. 

Further work by Ray [ 179 , 18o], using the quantitative texture 
measurement technique , on the same material as above, indicated that 
although reasonably strong {111} and {337} fibre-textures could be 
developed easily in this steel, the values of the Lankford parameter, 
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*r’, have been found to be rather low (around unity). One other signifi- 
cant result from this work was that the material was found to be practi- 
cally insensitive to variation of martensite volume fraction within the 
range 25% to 41%^ so far as the development of (111) fibre texture was 
concerned. The results also pointed to the possibility that in order to 
develop a larger 'r' -value in this material , intercrit ical annealing to 
produce a much lower volume fraction of the martensitic phase (<<25 %) 
might be beneficial. 

Besearches carried out in this direction on a Si-P dual -phase 
steel [l8l] have indicated that it is indeed possible to reach a r value 
as high as 1.8 in such a dual-phase , steel which contained only upto a 
maximum of nearly 4% martensite by volume , sufficient to eliminate the 
yield-point elongation and to increase the initial strain-hardening rate. 

It is, of course, at once apparent that such a material will not 
be strong enough although it will possess an excellent deep-drawing charac 
teristics. Therefore, this method will not lend to the production of a 
high-strength dual-phase steel with good deep-drawability . Thus the 
question of devising ways and means to achieve such a material is still 
very much open to-day. Further work is definitely needed in this direc- 


tion. 
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Fig.2-1 C.C.T. curves for a tow carbon Mn-Si-Cr-Mo steel developed by 
Coldren and Tither.[24] 
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Fig. 2- 2 Schematic microstructure map 
showing the volume percent bf the various 
phases present as a function of cooling 
rate. [4l] 


Fig. 2-3 Typical stress-strain curves for SAE950X 
and 90OX steels and an intercritically 
annealed dual-phase steel. [58] 
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3.2-4 Total elongation as a function of ultimate 
tensile strength for some of the commer- 
cially available high strength steels. [65] 
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Fig. 2-5 The 0-2 pet. flow stress and the tensile stren 
gth as a function of percent martensite for 
the Fe-Mn-C alloys.[2l] 
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Fig, 2-8 (a) Projection sphere and reference directions, 

(b) Projection of poles for a single grain. 

(c) Projection of poles f rom textured grains. 

(d) Pole density distribution. 

(e) Contour map of pole density. [127 A] 
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Fig. 2-9 Defination of the Euler angles 
, 0 > *^ 2 " 



Fig 2 10 Variotion of mean plastic strain ratio 
Tm with heating rate during final ann- 
eal for various ccMlir>g temperatures and 
classes of steel.[l44, 150*172, 173] 
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Chapter III 
Experimental Procedure 

3 . 1 Materials and Their Preparation 

The chemical compositions of the steels used in the present 
investigation are shown in Table 3.1. 

Table 3.1 

Composition of Steels 


Alloy designation 


Weight percentage of elements 


c 

Mn 

Si 

s 

P 

V 

M 

0.11 

Trace 

1.52 

0.011 

0.018 

0.09 

A4 

0.12 

1.51 

i:. 47 

0.021 

0.016 

0,09 

A5 

0.11 

1.48 

Trace 

0.027 

0.014 

0.08 


The alloys were melted in the form of 30 kg ingots in an induction 
furnace and cast into preheated cast iron moulds. All the heats were 
deoxidised by aluminium shots and also treated with misch-metal. The 
crosS"*seetional area of each ingot was 12 cm x 12 cm (approximately). The 
ingots were initially forged into bars of square cross-section mm 

each side). 

A few tensile test specimens of standard dimensions were prepared 
from a portion of these forged rods. In addition, metallographic samples 

* f*** ■ -P' '- ■ ' ■ , , 

r"* ■' T ■■ ■ . ■ ' - ' , , : 

4. 

— :: 
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having sizes 25 min x 25 mm x 10 mm were cut otit and these were used for 
both optical and electron microscopic studies. 

3.2 Heat-Treatment and Production of the IXia 1-Fliaae Structure 

The forged rods, metal lographic samples and tensile test pieces 
were coated carefully with a commercial ceramic paint to prevent decarbu- 
risation and oxidation during subsequent heat-treatment . These were homo- 
genised by the process of austenitisation which involved lieating at a 
temperature of 910^ C for a period of one hour. The heat-treatment was 
carried out in a high temperature muffle furnace whose temperature was 
maintained within an accuracy of +5^C, The forged rods as well as the 
metallographic samples were cooled to room temperature from the austeniti- 
sation temperature dn two different ways. Half of them were quenched in 
water while the remaining half were air-cooled. All the samples for 
tensile testing were , however, only air-cooled. 

In order to produce the dual-phase structure, half of the air- 
cooled samples were kept at the intercritical annealing temperature of 
750*^ while the remaining half were kept at 810”c for thirty minutes and 
then directly quenched in water. The initially water -quenched samples 
were also similarly treated. All the above heat -treatments were carried 
out in a muffle-furnace where the temperatures were maintained within an 
accuracy of +5° C. For each alloy, all the above treatments produced four 
different initial dual-phase structures. Therefore , for the three alloys 
under investigation, twelve different initial structures could be deve- 
loped in the forged rods and the metallographic samples. On the other 
hand only two different initial dual-phase structures were produced in the 



53 


tensile samples from each of the alloys. Two identical tensile samples 
were given the same heat-treatment . The twelve different initial dual- 
phase structures produced in the three experimental alloys along with the 
relevant heat -treatment procedures and the designations used to identify 
the structures, are listed in Table 3.2. 


Table 3.2 

Twelve Different Dual-Phase Structures Produced in the Three Experimental 
Alloys along with the Relevant Heat-treatment Procedures 


Alloys 

Designation of dual- 
phase structures 

Heat -treatment 8 for the production of 
dual -pha se s true ture s 

Al, 

M , 
and 

/C 750/WQ 

Austenitised at 910^ C for 1 hr, and 
air-cooled, then annealed intercriti- 
cally at 750^ C for 30 min. and quen- 
ched in water. 


AC 810/WQ 

Aistenitised at 910^^0 for 1 hr. and 
air-cooled, then annealed intercriti- 
cally at for 30 min. and quen- 

ched in water. 


WQ 750/WQ 

Aistenitised at 910^0 for 1 hr. and 
water -quenched , then annealed inter- 
criticalXy at 750^ C for 30 min. and 
quenched in water. 


WQ 810/WQ 

Aistenitised at 910^^C for 1 hr. and 
water -quenched , then annealed inter- 
critically at 810^0 for 30 min. and 
quenched in water. 


3. 3 Tensile Testing 

A number of cylindrical tensile test specimens of standard dimen- 


sions having gauge length 28 ram , were used for tensile testing. The 
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tensile tests were performed at room temperature \ising an Instron (Model 
1195) machine, A cross -liead speed of 0.5 nrai/miniite , a chart speed of 
20 mm /minute and a full scale load of 5000 kg were used during testing. 

From the charts 0.2% proof strc^ss , ultimate tensile strength and uniform 
and total elongation values were calculated. 

As mentioned before, two identical tensile samples were given the 
same heat-treatment. On testing, quite reproducible results could be 
obtained for both. The load-elongation data, read from the charts, were 
converted to true stress (a) and true plastic strain (e). The strain- 
hardening exponent *n* was determined by plotting In a-values against In e- 
values and finding out the slopes in each case. The work-hardening rate, 
was also calculated at different values of true plastic strain. Further, 
the ability of the material to distribute strain corresponding to the 
elapsed strain was characterised by plotting the dimensionless parameter, 

i- — as a function of strain. It is important to mention that the instab- 
o de 

ility in uniaxial tension occurs xdien * C 

3.4 Cold-Rolling and Recrystallisation Treatment 

The intercritically annealed bars were cleaned by surface grin- 
ding to remove surface scales etc. and then each bar was sliced into two 
halves lengthwise. These were then cold -rolled to approximately 60% 
reduction in thickness in all cases. The amount of reduction was kept at 
around 60% on the basis of trial experiments when it was found that the 
intensity of the cold— rolled texture for the material intercritically 
annealed at higher temperature of 810°C did not show any increase beyond 
that amount; rather the intensity was found to show a decrement after 
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that amount of deformation. In order to keep all the treatments compar- 
able , the material intercritically annealed at the lower temperature of 
750° C, was also subjected to the same amount of deformation. The cold- 
rolling operation was carried out in a tvro-high laboratory rolling mill 
using paraffin oil as a lubricant. The strips were reversed end to end 
after each pass. In between any two successive passes the strips were 
dipped into a bucket of cold water to minimise temperature rise due to 
deformation as far as practicable. The final thicknesses of the cold- 

rolled strips varied between 4.5 and 5.0 mm. 

Small samples of sizes 6-7 mm x 3 ram (approximately) were cut out 
from the cold -rolled strips. These specimens were then coated with a 
very thin layer of borax and annealed at different temperatures, namely, 
650°C, 700°C, 750°C, 800°Cand 850"c for different lengths of time, varying 
between 2 seconds and a few minutes at each temperature. The above recrys- 
tallisation anneal was performed in a molten salt bath using a commercial 
I.C.I. salt (Crescent). The salt bath was contained in a stainless steel 
pot of 5.0 cm internal diameter and about 20 cm height. The container 
with the salt was heated in a vertical electrical resistance tube furnace. 
The te«perat„re of the aelt was checked from time to time uaing e cali- 
brated chromel-alumel thermocouple kept in a thrn-walled atainleas ateel 
tube dipping below the surface of the melt. The aamplea were held in a 
constant temperature zone in the bath which w.a found out by carefully 
meaeuring the temperaturea at different reglona over a length of time. 
After each reoryatalllaation anneal , sample, were quickly taken out from 
the bath and dropped in a large bowl of water. 
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3 . 5 Optical Metallography 

3.5.1 Specimen Preparation and Examination 

To study the optical microstructures of the initial materials, 
metallographic samples (25 mmx 25mrax lOmm) were properly ground and 
subsequently polished in the usual manner. Each sample was prepared with 
repeated polishing and short etching treatments (3-4 seconds) using li 
nital to produce a defect-free micro structure , showing reasonably good 
contrast. 

In order to reveal the sizes and shapes of austenite pools formed 
during intercritical annealing an improved etching technique [l82] was 
used to characterise the structures of the experimental dual-phase steels. 
The process involved, initially a conventional polishing and etching with a 
4% picral solution (4 g picric acid in 100 cc methyl alcohol) for about 
a minute. This was followed by a short etching treatment using 2% nital 
with the intention of revealing the ferrite grain boundaries clearly. 
Finally, the samples were stained by holding them in boiling alkaline 
chromate solution (8-10 g Cr 03 in 75 cc ly) and 40 g NaOH) for different 
lengths of time depending on the alloy compositions. The four dual-phase 
structures from alloy A1 took a minimum of 10-15 seconds for staining 
uniformly throughout the surface, while 25-30 seconds were needed for 
staining the dual-phase structures in alloy A4. Similar staining oper- 
ation was performed in case of alloy A5 for a total period upto about 
10-15 minutes. The different periods of staining were selected on the 
basis of trial and error. The above staining method led to martensite 
etching dark and new ferrite (formed during cooling from intercritical 
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temperatures) etching bright. Tlie old (untransformed) ferrite appeared 
gray in contrast to the other microconstituents. After staining^ the 
specimens were washe<i in running water and rinsed with methanol and dried. 
Photomicrographs were taken from l>oth the convcrnt i onally etched surfaces 
(using 2/^nital) and the specially stained surfaces (using boiling alkaline 
Aroma t e s o lu t ion ) . 

Structural characterisation of the cold-worked and recrystallised 
samples were also carried out by studying their optical microstructures 
taken from the transverse sections of the cold-rolled and annealed strips. 
The small samples, as described earlier, were mounted in plastic moulds 
and prepared metallographically by grinding, polishing and etching treat- 
ments using 2% nital. 

3.5.2 Quantitative Metallography 

Multiphase stereology relationships developed by Cribb [l83] were 
used for quantitative analysis of the ferritic matrix, the ’’second -phase** 
micro constituent (martensite) and the transformed ferrite (new ferrite) 
for the twelve initial dual -phase structures. Standard point counting and 
line intercept measurements [l82] were used along with these relationships 
to determine the volume percents of the old ferrite, new ferrite, marten- 
site and the original austenite pools. In addition, the mean free paths 
in ferrite between austenite pools, mean particle diameters of the auste-- 
nite pools and .also 'the' mean' particle diameters of^ old ferrite 'were, deter-* ■ 
mined* 'Point counting '''was ■ carried out using an eye-piece fitted with a 
iOO^oitit square grid with points 0.5 cm apart at lOX. For each structure, 
t hC' ■ ' r.'e sul t s of ' mea sur em ent s f rom f xve r andom .fields, we re av er aged out ♦ ■ , ■ 
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For the purpose of quantitative metallography, a Leitz '*Metallovert 
microscope was employed and measurements were made at lOOOX. 

The relationships used for the measurement of the above mentioned 
parameters are given beloW : 
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3 . 6 Transmission Electron Microscopy 

Slices having an area of 25 mm x 25 mm and a thickness of 0.5 
ram were ait , using a Baehler Isoraet diamond cutting saw, from metallogra- 
phic samples (25 mm x 25mrax 10mm) of the three different alloys given 
different initial heat -treatment s followed by intercr it ical annealing at 
750^C and 810 Thin slices were also obtained in a similar manner from 
the transverse sections of the different cold-rolled strips. A few slices 
from the cold-rolled strips were given a partial recrystallisation anneal 
at selected temperatures for specified periods of time. 

All the slices from the initial dual-phase structures, cold- 
rolled samples and partially recrystallised materials were mechanically 
thinned down to a thickness of "^0.06 mm by polishing on moistened emery 

papers. To start with, these mechanically thinned down specimens were 

first cleaned with acetone and finally electropol ished using the Bollmann 
technique. 'When the edge of the sample , dipped into the electrolyte, 
became sufficiently thin, a foil was cut out from the sample using a 
scalpel blade , taking care that the cut-^dge was as parallel to the trans- 
verse direction as possible. After examining the foil in the T.E.M. at 
low magnification, it was found out that there was a very good correspon- 
dence between the cut-edge of the foil and the general direction of plastic 

flow as specified by the long direction of the cold -worked cell-structure. 

Since electropolishing by the above method was found to be rather 
tedious and it was difficult to control the alectrothinning conditions 
accurately, this method of foil preparation wa» later on discontinued. 
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Instead, 3 mm discs were punched out from the mechanically thinned and 
cleaned samples with the help of a die and a punch. 

Final electropolishing of the discs was carried out to produce a 
thinned central region supported by a thicker outside rim using a jet- 
polishing device (Tenupol unit). For this purpose , an electrolyte conta- 
ining 10 vol . % perchloric acid in glacial acetic acid was used at a 
temperature of <10^ C and at a potential difference of ^40 volte. The 
thinned perforated foils were rinsed with running water, then with ethyl 
alcohol and finally dried. Transmission electron microscopy of the thin 
foils was carried out in a Philips EM400 machine operated at 120 KV . 

It may be mentioned here once again that all T.E.M* work was 
carried out on thin foils made from the transverse sections of the rolled 
sheets. S.A.D. patterns taken from the foils indicated the rolling direc- 
tion (R.D.) straightaway. Taking into account the relative angular dis- 
placement beween the image and the corresponding S.A.D. , the crystallo- 
graphic orientation of the transverse direction (T.D.) was found out from 
the microstructural features (major direction of elongation of the cells 
or subgrains). The normal direction O^.D.) was then determined by taking 
the cross-product of R.D. and T.D. From this the indices of the rolling 
plane (R.P.) could be found out. The orientation of a selected area vsas 
then expressed in the usual way, by specifying the rolling plane and 
the rolling direction. 

3.7 Micro hardness Measurements 

The micro hardness values of the ferrite phase present in the twelve 
initial dual -phase structures from the three alloys as well as in the 
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cold-rolled, partially recryetall ised and fully recrystallised samples, 
were determined on the polished and etched specimens already used for 
optical microscopic studies. The measurements were performed in a Leitz 
MINIL0AD2 microhardness tester. The etched specimens were focussed at 
500X and the ferrite grain to be examined was located exactly under the 
cross -wire. In case of the initial twelve dual -phase structures a load of 

5 g was selected to obtain consistent impression in all cases. On the 
other hand, in case of cold -rolled, partially recrystallised and fully 
recrystallised samples, a load of 15 g gave measurable impressions in 
each case. The diagonals of each impression were measured and averaged 
out giving a value which was ultimately converted to the required Vicker*8 
P 5 rramidal number from the appropriate table. For each sample, the micro - 
hardness of the ferrite field was averaged from atleast ten grains. An 
attempt was also made to determine the microhardness of the martensitic 
phase in different samples. Ibwever, the indentation marks could not be 
properly distinguished from the background and hence this attempt was 
finally abandoned. 

3.8 Determination of Recrystallisation Kinetics 

The kinetics of primary recrystal 1 is at Jon of ferrite in the 
cold-rolled dual-phase steels were analysed from the. relevant microhard*- 
ness data using an Avrami-type relationship. It is based on the foll- 
owing equation 
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X = 1 - exp 5- (~) } 

H - 11 

_ o 

witli 5C “• ^ 

o m in 

where H is the initial hardness of ferrite in the cold-worked material, 

o 

H the hardness after an annealing period t and is the minimum hard- 

ness corresponding to 100% recrystallisation. Here, it is assumed that 
the recrystallised volume fraction x at any time t is directly propor- 
tional to the relative drop in hardness. Further, 't* represents a time 
constant in seconds, and corresponds to 63 % recry stall isation. ’m’ is a 
time exponent which depends on the geometrical character of the recrystal- 
lisation process and also on the time dependence of the nucleation rate, 
i.e., whether the recrystallisation ’is one, two or three dimensional. 

The above equation can be re-written as 

In In 7-4 — =" m In t - m In T 

i X 

In In ^ was plotted against In t (known as Avrami plot) giving rise to 

straight lines from which the time constant T was obtained through extra- 
polation of the function In to a value of 1. The recrystallisation 

time exponent 'm' for different stages of recrystallisation process was 
determined from the slopes of these straight line plots. 

Furthermore, the time constant "t ' can be defined as . 

T = Constant g- “ K exp(|^) , 

^ere D represents the diffusion co-efficient , Q is the activation energy. 
R the universal gas constant and T the absolute temperature. For 
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different initial dual -phase structures. In t - values vjere plotted against 
corresponding ^ (knoMi as Arrhenius plots) giving rise to straight lines 
from which ~ -values were obtained by measuring the slopes and activation 
energies Q for 63 % recrystallisation were determined. Similarly, times 
for 50% recrystall isat ion as well as 80% recrystallisation were plotted 
against — and the respective activation cmergies were calculated from the 
slopes of those curves. 

3 . 9 Determination of Texture 

In the present investigation, crystal lograpbic textures were 
determined from the mid -sect ions of a number of selected samplf^s, both 
cold-worked and fully recrystall iaed. Specimens of the size 24 mm x 14 mm 
were cut out from rdlled sheets for this purpose. A1.1 the twelve initial 
dual -phase structures from the three alloys, in the 60% cold -rolled condi- 
tion, were used for texture determination. Two samples from each one of 
these cold-rolled materials were subjected to a recrystallisation anneal 
at 650^C and 800^C respe ctively and textures were determined from them. 

A little less than half of the total thickness was removed from 
one of the flat surfaces in all texture specimens by milling. The speci- 
mens were then ground and polished metallographically and then lightly 
etched with 2% nital to remove any disturbed layer. {110} pole-figures 
were determined from these texture samples by the Schulz reflection 

method [l84] using CoK radiation with an iron filter. Intensity levels 

ot 

on the pole-figures were determined by comparison with the intensity 
obtained from a solid specimen of pure iron which had been randomised by 
repeated deformation and annealing. 
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To have a better resolution of the texture components in the 
pole-figures and also to have a more complete idea regarding the textures 
of the cold -worke d and recrystallised samples, OJ).F**s were measured from 
each one of them. For this kind of analysis the method of incomplete 
pole-figures [l2 9] was used. For this purpose incomplete pole -figure 
(within the range 0-85^) intensity data were obtained for {110} , (200} 
and {112} reflections using the Liicke automated texture goniometer system 
[185, 186] with CbK radiation. 

In the present investigation, the O.D.F. analysis technique as 
developed by Roe [ 131 , 18?] and mainly by Bunge [l32 , 188] has been foll- 
owed. In this method the orientation of a crystallite in a polycrystalline 
specimen is specified with respect to the specimen co-ordinate system by 
the three Bilerian angles cj) and A function, known as the orien- 

tation distribution function, f(g)> which represents the relative inten- 
sity of orientations, is computed in the form of a series expansion of 
generalised spherical harmonics from series expansion of generalised 
pole-figures. All the computations involved were carried out in a Cyber 
175 computer using the programme system supplied by Ibspiech and Jura 
[l89, 190]. 

The Cartesian Euler angle space, with the three-dimensional 
orientation distribution function within, is normally represented, for 
B.C.C. materials, in the form of sections, * Constant * 0, 5, 

10, 90 deg.). Most of the important crystallographic orientations 

for B.C.C. materials appear in these sections. Figure 3.1 represents an 
isometric view of the three-dimensional Eulerian space with the posi- 
tions of a few important ideal orientations marked therein. Some 
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(t, = 75>2 = ^5"i[11.11.4lll ND fibre 

(I)=55'.g). = 45°;[l1l]llND FIBRE 

(j)=30“.M)t=^5°;[337]llND FIBRE 

• Ideal Positions 

Fig. 3-1 Three-dimensional Euler Space showing locations of 

orientations. 
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Tablf’ '3/i 

Euler Aiglcs Cor Tdc->«1. Ori ent :il ioim 


Ideal orientations 


Kuler angles 


h 

*l> 

'^2 

(111) [oh] 

60 

55 

45 

(111) [ho] 

0 

55 

45 

(111) [121] 

30 

55 

45 

(111) [112] 

90 

55 

45 

(337) [ho] 

0 

31 

45 

(733 ) [oh] 

49 

68 

67 

(oil) [100] 

0 

45 

0 

(110) [001] 

90 

90 

45 

(101) [olo] 

0 

45 

90 

(013) [looj • 

0 

18 

0 

(031) [100] 

0 

72 

0 

(103) [Ofo] 

0 

18 

90 

(301) [010 j 

0 

72 

90 

(130) [001] 

90 

90 

18 

(310) [001] 

90 

90 

72 

(010) [101] 

45 

90 

0 

(100) [oil] 

45 

90 

90 

(001) [ho] 

= 45 

0 


(001) [ho] 

" 135 

0 


(no) [ho] 

0 

90 

45 

(Oil) [oh] 

90 

45 

0 

(101) [loi] 

90 

45 

90 

(112) [ho] 

0 

35 

45 

(335)' [ho] 

0 

40 

45 

near (445) [llo] 

0 

50 

45 

near (11, 11 , 4) [lio] 

0 

75 

45 

near (11, 11, 4) [ 2 , 2, ll] 

90 

75 

45 
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important ideal orientations for B.C.C. materials are also shown in a 
tabular form in Table 3*3. 

3.10 Determination of revalues 

In the present investigation no experimental determination of 
*r*-values (Lankford parameter) was carried out. However, these values 
have been calculated theoretically on the basis of {hkl} <111> pencil 
glide from the experimentally determined O.D.F.'s using a computer prog- 
ramme developed by Bunge et al. [l9l]. The plastic strain ratio (r) was 
then calculated on the basis of the formula r »* (r^ where 

the numerical subscripts denote angles from the rolling direction. In 
addition, values of the planar anisotropy parameter* Ar ** (r^^ -h r^^^ - 2r^^)/2 
have also been calculated. 
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Chap ter IV 

£x:per imental Results 


4 . 1 Characterisation of the Dual -Phase Structures in the Three Alloys 
Produced by Different Initial Heat -treatment s 

As mentioned in Chapter dual -phase structures have been deve- 

loped in the alloys A1 ^ M and A5 by following different routes of heat- 
treatment. As a resjultof this, four different initial dual -phase struc- 
tures have been obtained for each alloy. Attempts have been made to 
characterise these structures by optical and electron microscopy and at the 
same time to determine the mechanical properties of some of the structures 
in the usual way. 

4.1.1 Optical Micro structures 

The optical m icro structures from the alloys A1 , A4 and A5 , with 
four different initial heat -treatments , are shown in Figures 4.1 (a-d), 
4.2(a-d) and 4.3(a-d) respectively. All these micro structures reveal a 
distribution of two phases, ferrite and martensite, in different propor- 
tions depending on the alloy composition as well as the heat-treatment. 

A summary of the quantitative metallographic measurements on these twelve 
initial structures is given in Table 4,1. A close look at the above 
micrographs and the table shows that for any specific initial heat-treat- 
ment , the volume percent of martensite in the micro structure changes in an 
increasing order from alloy A1 A5->-'A4 . Again , in any particular alloy, 
intercr it ical annealing at the higher temperature of 810^C seems to 



Table 4*1 


SuTninary of the Quantitative Metallographic Measurements on Twelve Inter- 
critically Annealed Microstructures Developed in the Alloys A1 , A4 and A5 


Alloy 

designation 

Heat 

treatment 

V®*" % 

M 

V % 

NF 

V % 

NF+M 

V % 

A 

a , mm 

A , mm 

g ’ 

,NF+M 

A , mm 

g 

A1 

AC 

750/WQ 

71o04 

18.60 

10.36 

24.96 

0,0146 

0.0051 

0.0045 

A1 

AC 

810/WQ 

65.83 

20.25 

13.92 

30.17 

0.0143 

0,0043 

0.0061 

A1 

WQ 

750/WQ 

66.97 

20.66 

12,37 

26.03 

0.0142 

0.0061 

0,0050 

A1 

WQ 

810/WQ 

60.46 

23,97 

15.57 

35.54 

0.0140 

0.0050 

0.0077 

A4 

AC 

750/WQ 

59.50 

30.58 

9.92 

40,50 

0.0075 

0,0028 

0.0054 

A4 

AC 

810/WQ 

38.02 

51,10 

10.88 

61.98 

0.0050 

0,0022 

0.0082 

A4 

WQ 

750/WQ 

46.01 

42.97 

11.02 

53.99 

0.0044 

0.0020 

0.0053 

A4 

WQ 

810/WQ 

33.75 

54.27 

11.98 

66.25 

0.0039 

0.0019 

0.0079 

A5 

AC 

750/WQ 

78.93 

21.07 

0.0 

21.07 

0.0089 

0.0027 

0.0024 

A5 

AC 

810/WQ 

76.72 

23.28 

0.0 

23,28 

0,0073 

0.0027 

0,0024 

A5 

WQ 

750/WQ 

71,90 

28.10 

0,0 

28.10 

0.0070 

0,0026 

0.0027 

A5 

WQ 

810/WQ 

68.05 

31.95 

0.0 

31.95 

0.0061 

0.0021 

0.0029 


V 


OF 




.NF 


OF 

g 

NF+M 


Volume percent of old (untransformed) ferrite 

Volume percent of martensite 

Volume percent of new (transformed) ferrite 

Mean free path in old ferrite between austenite pools 

Mean particle diameter of old-ferrite phase 
Mean particle diameter of austenite pool* 
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produce a larger volume fraction of martensite as compared to the inter- 
critical annealing at the lo\^;er temperature of 75 0^0. The treatment 
WQ/ VJQ has been found to produce a somewhat larger volume percent of mart- 
tensite as compared to the treatment Al/WQ. For the same kind of heat- 
treatment (AC/WQ or WQ/WQ) 3 alloy A4 has been found to be much more sensi- 
tive to the change in intercr it ical annealing temperature as compared to 
the other two alloys. Thus, whereas intercr it ical annealing at 810^C 
is found to produce substantially larger volume percent of martensite as 
compared to intercr it ical annealing at 750^C in alloy M, this effect has 
been found to be only marginal in case of the alloys A1 and A5 . 

The micro structures shown in Figures 4.1 to 4.3 were all taken 
from metallographic samples of the three alloys wliich were etched with a 
solution of 2%nital in alcohol. By this technique the ferrite* appears 
bright , whereas the martensitic regions show a dark contraBt. It is kno'wn 
that the major part of the ferrite in the dual-phase micro struct are must 
have existed in conjunction with the austenite at the intercr it ical annea- 
ling temperature, whereas a part of it is supposed to form by the trans- 
formation of the austenite on cooling from intercr it ical annealing. It is 
impossible to distinguish between the old (untransformed) ferrite and the 
new (transformed) ferrite in all these micrographs using the nital etchant. 
In order to get more micro structural details, the samples were stained in 
a manner which has been outlined in Chapter III. Figures 4.4 (a -<i ) show 
the optical microstructures from the stained samples of alloy Al. It is 
at once apparent from these micrographs that there are three distinguish- 
able phases, namely, martensite (dark) surrounded by new ferrite (bright) 
embedded in a matrix of old ferrite (grey). The new ferrite areas appear 
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to be very clean in comparison to the old-ferr Ifce wlrlch contains a large 
num ber of pr ec ip it a t e s . The total area c om pr i s i ng a n y on e m ar t en s i t i c 
region and the surrounding new ferrite delineates the original austenitic 
pool that existed at the corresponding intercr it ical annealing temperature 
just before final quenching. The original colour developed on the various 
phases due to staining treatment can be seen typically in Figures 4.5 (a ,b). 

Optical micrographs from stained metallographic samples of alloy 
Ai are shown typically in Figures 4.6(a,b). Again, the three phases, 
namely, martensite, new ferrite and old -ferrite can be distinguished in 
these micrographs. However, in contrast to the distribution in alloy A1 , 
here the new ferrite is not always found to form a zone surrounding the 
martensitic regions, but is also found within such regions, sometimes. 

Quite in contrast to the alloys A1 and A4 , staining was found 
much more difficult for the alloy A5. Not only that, after staining, 
practically very insignificant amount of new ferrite could be noticed in 
the microstructures for this alloy. This is shown typically in Figures 
4.7 (a ,b). The amounts of new ferrite were so small as to preclude any 
accurate measurement and this is why in Table 4,1 the volume fractions of 
new ferrite in alloy A5 have been shown as zero. 

Quantitative measurements made from the micro structural features 
in the stained samples are included in Table 4.1. This table shows, besides 
the volume percents of old ferrite , new ferrite and martensite, the volume 
percents of the original austenite pools also. In addition, the mean free 
paths in ferrite between austenite pools, mean particle diameters of the 
austenite pools and also the mean particle diameters of the old ferrite 
phases are given in this table. Some distinguishing features about the 
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three alloys are at once apparent from a study of this table. Thus, it 
is clear that the alloy A1 contains a larger amount of new ferrite as 
compared to alloy M, whereas alloy A5 contains none. The mean particle 
diameter of old ferrite in alloy A1 is found to be nearly double of those 
in alloys A4 and A5 . The mean particle diameter of the austenite pool in 
alloy A5 is nearly one- third of those in alloysAl and ^ain , the 

mean free path in ferrite betxoeen austenite pools in alloy A1 is nearly 
double the values obtained for the alloys A4 and A5. Finally, the volume 
percents of the total austenite pool for . A1 and A5 are quite comparable 
and are substantially lower, abait half, as compared to alloy A4 . 

4.1.2 Electron Microstructures 

Although the optical micro structures of the dual -phase materials 
gave an idea about the nature and the distribution of the phases present, 
no insight into the internal details of the phases could be obtained from 
such study. Hence T.E.M. studies were carried out on a limited number of 
thin foils from each mater ial . 

T.E.M. studies did not reveal any major difference in the struc- 
tural details of the phases, as a function of either the alloy composition 
or the initial heat --treatments This will be apparent from the follomng 
transmission electron micrographs (Figures 4.8-4.10). 

A t 3 q 3 ical electron micro structure from the alloy A1 is shown 
in Figure 4.8(a). In this micrograph martensite islands can be seen lying 
at the grain-boundaries of the ferrite -phase. The ferrite grains are 
found to te dotted with a fine distribution of precipitates. No serious 
attempt was made , in this invest igat ion , to identify these precipitates. 
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An interesting “reature to note in this micrograph is that the ferrite 
regions immediately adjacent to the martensitic islands are rather clean 
and practically devoid of any precipitate particles. Figure 4, 8(b) shows 
another area where martensite is present all along the boundary between 
twD ferrite grains. The ferrite grains, as before, are dotted with a 
dense distribution of precipitates and also contain a large number of 
dislocations. 

In order to study the internal details of the martensite and the 
ferrite -martensite interface , micrographs at a higher magnification x\;ere 
also taken. One typical structure is shown in Figures 4.8(c) where the 
martensite appears to consist of a number of nearly parallel laths. 

Figure 4.9(a) shows a typical transmission electron micro structure 
for the alloy A4. The ferrite here is again found to be dotted with a 
dense precipitation of fine particles, A precipitate-free narrow zone in 
ferrite in the immediate vicinity of the martensite islands can also be 
seen. Very often, in this alloy, which contains the maximuin amount of 
martensite out of the three alloys, the martensitic regions appear in the 
form of colonies, as shown in Figure 4.9(b). A higher magnification 
micrograph shows the details from such a martensite colony, \diere this 
phase appears to consist of dislocated laths (Figure 4.9(c)). In many 
places in such a colony the martensitic regions appear to be arranged in 
mere or less straight parallel bands (Figure 4.9(d)). 

Figure 4.10(a) shows a typical electron micro structure taken from 
the alloy A5. As in case of the other two alloys, here too the ferrite 
has a fine distribution of small precipitates and dislocations. The dis- 
location density seems to be higher in the ferrite adjacent to the 
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ferrite/martensite interface. Micrographs taken at a higher magnification 
have revealed that in this alloy too the martensite is made up of a large 
number of nearly parallel laths (Figure 4.10(b)). 

4.1.3 Mechanical Properties 

As mentioned earlier, no significant difference in micro structure 
could be obtained in any of the alloys as a function of the initial heat- 
treatments. Therefore, mechanical property measurements of the initial 
materials were confined to the alloys given the AC/WQ treatment only. 

The idea was to evaluate the relative strength properties of the three 
steels in the dual -phase condition prior to cold-working and recrystallis- 
ation. 

The load -elongation curves obtained from tensile tests of the three 
alloys showed low yield stress values, continuous yielding behaviour and 
comparatively high U.T.S, values — characteristics which are typical of 
dual-phase steels. Figure 4.11 shows the true stress-true strain plots 
derived from the corresponding load -elongation curves obtained by experi- 
ment. It is at once clear that the three alloys A1 , A4 and A5 possess 
quite different strength values. In fact, alloy A4 is found to be the 
strongest , with alloy A1 coming next in strength, while alloy A5 is the 
weakest of the three. Table 4.2 shows 0.2% Y.S. , U.T.S. , uniform elonga- 
tion % and total elongation % obtained for the three alloys from tensile 
testing . 

Figure 4.12 gives the ln(true stress ) versus In Ctrue strain) 
plots for the three alloys. For a particular alloy with a particular 
initial he at -treatment, mopt of the experimental points lie on a single 
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straight line. The slopes of these lines, which give the values of the 
strain -hardening exponent ’n’ , have been marked at appropriate places in 
the diagram. A look at Figure 4.12 shows that alloy A4 has the lowest set 
of n-values amongst the three alloys. It is interesting to note that 
intercr itical annealing at the lower temperature of 750^C produces substan- 
tially higher values of ’n* in the alloys A1 and A5 as compared to inter- 
critical annealing at the higher temperature of SIO'^C. 

Table 4.2 

Mechanical Properties of the Three Alloys A1 , A4 and A5 After Different 
Init ial He at -treatment s 


Alloy 

designation 

Heat- 

treatment 

0.2% Y. S. 
(MPa) 

U.T.S. 

(MPa) 

Uniform 

elongation 

% 

Total 

elongation 

% 

A1 

AC 750/ WQ 

449 

771 

25.8 

32.3 

A1 

N: 810/-WQ 

510 

82 9 

19.6 

23.1 

A4 

AC 750/ VQ 

571 

992 

26.7 

33.9 

M 

AC 810/WQ 

612 

1097 

23.1 

29.5 

A5 

AC 750/ ’W) 

255 

556 

]7.3 

25.1 

A5 

TC 810/WQ 

. 3 47 

600 

15.1 

23.5 


The rate of strain hardening has been plotted against true strain 

" o 

for the three alloys which were intercr it ically annealed at 750 C and 
810°C (Figure 4.13). This figure shows that , to start with , alloy A4 has 
the highest strain-hardening rate, viiile A5 has the lowest strain-hardening 




76 


r ql t ^ * 

alloy A1 coming in between^ The do/de values for alloy A4 come 
down 3 tically upto an £-value of ^^^0*05 and then show a gradual 

decrease ^ other hand, the fall in the do/de values with £ is less 

drastic case of alloys A1 and A5o The normalised values of da/de, 

namely^ ^ ^ have been plotted against e in Figure 4»14p These curves 
show qui_t:e similar behaviour for all the three alloys,, In each case the 
initial A/ery high strain hardening rate comes down drastically upto an 
e-value of '^OoOS after which the fall is found to be rather gradual,, It 
is clea^r from both the Figures 4ol3 and 4,14 that the values of rate of 
strain hiardening at a particular value of e for all the three alloys are 
systematically higher for lower intercritical annealing temperature of 
750 C as compared to those at the higher intercritical annealing temper- 
ature of 810^C„ 

Microhardness measurements were carried out on the ferrite phase 
in all the initial microstructures of the three alloys. The results are 
given in a tabular form in Table 4.3. The table clearly shows that 

Table 4.3 

Microhardness Values (V«PoN,) of the Ferrite-Phase (Load 5 g) 


Alloy 

designation 


Heat- 

■treatment 


AC 750/WQ 

AC 810/WQ 

WQ 750/WQ 

WQ 810/WQ 

A1 

200 

264 

221 

227 

A4 

215 

235 

203 

215 

A5 

164 

162 

168 

200 
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ferrite in alloy A1 is decidedly the strongest amongst the three alloys. 

In general, the hardness of ferrite in alloy A4 is slightly lower than 
that of alloy A1 , The lowest set of hardness values has been obtained 
for the ferrite in alloy A5« For any particular alloy, the variation 
of hardness values as a function of heat-treatment is not very significant, 
although intercritical annealing at the higher temperature of 810^0 seems 
to produce a stronger ferrite in comparison to intercritical annealing at 
the lower temperature of 750°C. 

4.2 Characterisation of the Cold-worked Materials 
4.2.1 Microstructure 

The microstructures of the cold-worked alloys ,A1, A4 and A5, 
have been characterised by both light and electron microscopy. It has 
been found that the optical microstructures obtained from any one parti- 
cular alloy are practically the same irrespective of the different initial . 
heat-treatments the alloy was subjected to. Typical optical microstruc- 
tures from the cold-worked alloys, Al, A4 and A5 are shown in Figures 
4,15(a-c). All these micrographs show the original grains — ferrite as 
well as martensite — deformed and flattened out in the shape of pan-cakes. 
Some of the deformed grains also show a number of deformation bands 
(Figure 4.15(a)). It has been further noticed that the structural features 
are coarsest for alloy Al , rather coarse for alloy A5 and finest in case 
of alloy A4, 

In order to have a clearer idea about the microstructural features 
of the cold-worked alloys, transmission electron microscopy (T.E.M.) of a 
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Optical micrographs of alloy A1 
(a) AC 750/WQ (b| AC 8I()/Wq 

( c ) WQ 7 5 (1 / WQ ( cl ) Wg 8 f 0/ WC,) 










Optical micrographs of alloy A4 
(a) AC 7S0/WQ (b) AC 810/WQ 

(c) WQ 750/WQ (d) WQ 810/WQ 









Pig. 4.4 Stained microstructures of alloy AJ. 

(a) AC 750/WQ (b) AC 810/WQ 

(c) WQ 750/WQ (d) WQ 810/WQ 
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Fig. 4.5 Colour |>hotographs of the stained micro- 
structures of alloy A1 
(a) AC 8 10/WQ (b) WQ 81()/WQ 



4,6 Stained microstructures ot alloy A4 
(al AC 750/WQ (b) AC 810/WQ 


Stained niicrostructures. o£„allpy A 


(a) “ WQ 750/WQ 




Electron micrGstructures of alloy A1 
(a) AC 750/WQ (b) AG 750/WQ 

(c) WQ 750/WQ 
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Hlectron microstructures of alloy A5 
(a) WQ 810/WQ (b) AC 810/WQ 



True stress 'a’, MPa 



0-00 0 02 0-04 0-06 0-08 0-10 

True strain 

Fig.4-11 True stress versus True strain plots for the alloys air cooled 
after austenitisation and intercritically annealed at 750" C 
and 810“ C. 



Plots of In a versus In 6 for alloys air cooled after 
austenitisation and intercritically annealed at 750" C 
and 810" C and water quenched. 






Fig.4-13 Rate of strain hardening as a function of true strain for 
alloys air cooled after austenitisation and intercritically 
annealed at 750°C and 810“G and then water quenched. 





— as a function of true strain for alloys air 
^ cooled after austenitisation and intercritically 
annealed at 750“ C and 810“C and water quenched. 
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large number of foils from the differently heat-treated and cold-worked 
alloys was carried out. In conformity with the optical microscopy results, 
the ToEoM« results have also shown that, in general, microstructures of 
any one of the cold-worked alloys are not very much a function of the 
initial heat-treatment. 

A few typical electron microstructures of alloy A1 in the cold- 
worked condition are shown in Figures 4.16(a-j)o Figures 4„16(a) shows 
a general view of the cold-worked structure showing both deformed ferrite 
and martensite. Figure 4.16(b) shows another area with a deformed mart- 
ensitic region at an original ferrite grain-boundary together with heavily 
cold-worked and dislocated ferrite grains. The microstructure of a 
heavily deformed ferritic region is shown typically in Figure 4.16(c). 

The structure here consists of a large number of nearly parallel elongated 
cells with a high dislocation density. The crystallographic orientation 
from the entire area has been found out to be {112} <111>. In a few 
instances, colonies of parallel cells have been observed having an orien- 
tation (8, 9, 11} <133>. In addition to these, deformed ferritic areas 
having orientations {110} <111> and {3, 1, 10} <113> have also been noticed. 
However, structurally these areas are no different than the areas shown 
in the above figures. All the above figures refer to the cold-rolled 
alloy A1 where the dual-phase structure was produced by the AC 750/WQ 
heat-treatment cycle. Similar structures have been obtained for the 
cold-worked alloy with prior heat-treatment cycle AC 810/WQ. One typical 
microstructure for such a material is shown in Figure 4.16(d), Here the 
deformed ferrite regions’ A and B have been found to have the orientations 
{llO} <111> and {112} <111> respectively. In addition to these 
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orientations j other orientations like {210} <120>, (OOl} <120> and 
{ 125 } <120>have also been detected in the thin foilso 

A typical electron microstructure of the cold-worked A1 alloy 
having an initial heat*- treatment WQ 750/WQ is shown in Figure 4*16(e)a 
The area shows a number of more or less parallel cells of ferrite, the 
central part of the figure showing a somewhat recovered structure* The 
S.A^Dp from the central part shows that the crystallographic orientation 
here is (llO) <111>. At many places it has been observed that the defor- 
med ferrite cells adjacent to a martensitic region are much finer as com- 
pared to the ones further away from it. This is shown typically in 
Figure 4,16(f)o The corresponding S,AaDo pattern has shown that the 
deformed ferrite here has an orientation (221) <110>, Almost perfect cube 
oriented regions, {100} <010>, have often been encountered (Figure 4, 16(g)), 
Such regions have been invariably found to consist of long ferrite cells 
with rather low dislocation density at the centre and exceptionally high 
density of dislocations at the cell boundaries® The martensitic regions 
are normally seen to align themselves along the direction of rolling 
(Figure 4, 16(h) ) , 

Figure 4,16(i) shows typical ferritic cells in the cold-worked 
alloy with the initial heat-treatment WQ 810/WQo The S^AoD® taken from 
the entire region shows that these cells have a uniform orientation of 
{ 110 } <111>, Extended regions consisting of a large number of ferrite 
cells, as in this case, have also been detected having a uniform orienta- 
tion of {130} <001> as shown in Figure 4,16(j )• In this and the previous 
micrograph, the ferrite cells show a somewhat recovered appearance. Fine 

precipitates , very often associated with dislocations, can also be seen 
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within some of the recovered cells* In addition to the above orienta- 
tions, the orientations {147} <311>, {125} <210> and {112} <111> have 
also been commonly noticed in the thin foils* 

The electron microstructures of the alloy A4, in the cold-worked 
condition, have shown that the structural features are quite similar 
irrespective of the initial heat-treatment* Some typical microstructures 
of this alloy are given in Figures 4.17 (a-d). Heavily deformed elongated 
cells with high dislocation density constitute the typical structure of 
this cold-worked alloy. These features are shown in Figure 4.17(a) for 
the AC 810/WQ heat-treatment. Figure 4.17(b) shows another area where 
the deforming phase is predominantly martensite. Sometimes, the deformed 
martensitic regions show striations very similar to those of internal 
twinning (Figure 4,17c) . Figure 4,17d shows another area containing 
heavily deformed ferrite cells; the crystallographic orientation of the 
whole area was found out to be {112} <lil>a In addition to the above- 
mentioned orientations, others like {123} <210>, {110} <010>’and 
{310} <010> have also been frequently encountered in the thin foils made 
from this alloy. 

Irrespective of the prior heat-treatments, the electron micro- 
structures of the cold-worked alloy A5 are quite similar. Figure 4.18(a) 
shows a typical microstructure in this alloy. This micrograph shows a 
band of nearly parallel highly dislocated cells flanked by wider cells on 
both sides. In many places, however, the ferrite cell structure in this 
alloy shows distinct signs of recovery leading to the formation of well- 
developed subgrains. One typical example is shown in Figure 4.18(b) 
where the central subgrains have been found to have an orientation 



94 


{110} <lll>o A group of parallel subgrains in a highly recovered stage 
are shown in Figure 4« 18(c) having an orientation fl47( 1 1 1 > « Figure 

4.18(d) shows another area with a Large enougli sul>grain at the' centre 
which seems to have already developed a liigh-angle l)oandary on one side^ 
The S„A«D. pattern taken from this subgrain shows that it has an orienta- 
tion {310} <001>. -In addition to the above or ienta tions » ferrite regions 
having {111} <110>, {112} <111>, {221} <011>, {8, 9, 11} <313> and 
{110} <001> orientations have also been observed in a number of foils in 
this alloy. 

4,2.2 Deformation Texture 

The (110) pole“figures for all the three alloys in the cold- 
rolled condition are given in Figure 4. 19(a-l). It can be clearly seen 
that all these pole-figures possess similar general features. In each 
case the texture was found to consist of a moderately strong {ill} <112> 
component and a rather weak {111} <110> component. 

For alloy A1 , the value of the maximum of the {111} <li2> texture 
component has been found to vary from 2X random to 4X random depending 
on the prior heat-treatment. The strongest texture has been obtained for 
the material having the prior heat-treatment WQ 750/WQ. 

For the alloys A4 and A5, the maximum intensity of the {111} <11 2> 
component has been found to vary from 2X random to 3X randomo In both 
the alloys the strongest texture has been obtained for the material having 
the prior heat-treatment AC 750/WQ.^^^ ^ ^ 

For all the three alloys and for all the prior heat-treatments, 
the intensity of the minor Gomponent, {111} <110>, does not seem to change 
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with heat-treatment^ 

In order to get a detailed idea aboxit the deformation textures of 
the cold-rolled materials, the OoD«Fp plots from all of them were made* 
These plots for the alloys Al, A4 and A5 are shown in Figures 4*20-4^22 
respectively* These are nothing but contour-line representations of f(g) 
in the form of sections, = Constant = 0, 5, 10 *** 90^), through a 
Cartesian Euler angle space* In each = Constant section (J) and 
from 0 to 90°a Intensities of a few maxima in the O.DaF* plots are indi- 
cated at appropriate places. It is at once clear from these figures that 
the intensity levels in both the pole-figures as well as the O.D«F,®s are 
rather low for alloy A4 in comparison to the alloys A1 and A5* A1 has 
been found to have the maximum intensity out of the three alloys*, In 
other words, the deformation textures of alloys A1 and A5 are found to be 
much sharper as compared to that of alloy A4* It is interesting to note 
that whereas the pole-figures, in general, do not appear to be very 
sharp, the corresponding O.DoF, plots exhibit a distinct pattern with 
rather pronounced maxima at specific regions of the orientation space* 

For alloy A1 , for both the heat-treatments — AC/WQ and WQ/WQ — 

a higher value of f(g) is obtained for the lower intercritical annealing 
® max 

temperature of 750^C as compared to the higher temperature of SlO^Co 
Again, for both the intercritical annealing temperatures, WQ/WQ-treatment 
produces a higher value of compared to AC/WQ-treatment * For 

alloy A4, for the heat-treatment AC/WQ, a higher value of is found 

for the lower intercritical annealing temperature of 750^C as compared to 

the higher temperature of 810^C. The effect of the intercritical annealing 
temperature on the f(g) value for the WQ/WQ-treatment was found to be just 



96 


reverse^ Again, for the intercritical annealing tefopera ture of 810 C, 


a high f(g) value was obtained for the WQ/WQ treatment: as compared to 
max 

AC/WQ treatment o Intercritical annealing at the lower temperature t)f 

750^C does not produce any difference in the i.(g) values for botli the 
^ max 


treatments o 


For alloy A5, the effect of the heat-treatments AC/WQ as well as 

WQ/WQ on the f(g) values for the materials intercrit ically annealed at 
max 

different temperatures has been found to be rather similar to that in 

alloy A4, Although intercritical annealing at the higher temperature of 

810^C does not make any difference in the f(g) values for the materials 

max 

subjected to either AC/WQ or WQ/WQ treatments, annealing at the lower 
temperature of 750^C has been found to produce a higher value in 

case of AC/WQ treatment as compared to WQ/WQ treatment. 

It has been previously shown [l92] that the structure of an O.DaFo 
can be described with the help of peak-type components and complete or 
incomplete fibre components. The peak-type components are characterised 
by a more or less isotropic scattering ranges around certain ideal orien- 
tations. On the other hand, the presence of the well developed fibre 
components is characterised by a more or less uniform pole density along 
certain lines within the three-dimensional orientation space. 

From a look at the O.D.F. plots it is at once apparent that there 
are a number of peak type components in each plot. The Euler angles for 
such peak type components have been read out from the relevant computer 
print-outs and the ideal orientations, (hkl) [ uvw j, corresponding to those 
angles were obtained from the Table 3.3. In this way it can be shown that 
some of the major texture components in all the plots are {111} <110> and 
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whereas in the latter section the peak at (p = 55^^ is reasonably large 
while the one at (() = 35^ is negligibly small* Figure 4*26 shows that for 
the material Al/WQ 810/WQ, in both the sections = 0^/ = 45^ and = 

90^, = 45^ a single peak appears at (p - 55^* 

A close look at the above results does not clearly indicate the 
presence of any strong fibre texture* However, one thing is pretty clear 
from these plots and that is, the pole densities at the orientations 
(111) [uvw] are the strongest in all cases, whereas the pole densities at 
other orientations are negligible as compared to this. Another striking 
point in all the above plots is that the pole densities in the section 
= 0^, “ ^5*^ are significantly higher than those in the other sec- 
tion, namely, 4^^ = 90^, = 45^, In order to check whether some kind of 

fibre texture may be present in these materials, f(g) values have been 
plotted for (a) (p = 55^ and = 45^ for 'F^ = 0-90^, (b) (p = 30^ and = 
45° for = 0-90° and (c) <C = 75° and = ^^5° for = 0-90°, The 
reason behind the plots (a) is quite obvious. Plots (b) were conceived to 
check the possibilities of having incomplete {337} fibre textures in these 
materials, since such a texture has been reported in the literature for 
similar materials [l93]. Plots (c) were chosen because of the fact that 
significant pole densities were obtained in both the sections 'F^ = 0^, 

'F^ = 45*^ and = 90^, ~ ^ ~ in these materials subsequently 

recrystallised. All the above plots for the alloy A1 after 60% cold- 
rolling are shown in Figures 4,27 to 4,30 for various initial heat-treat*- 
ments. Figure 4,27 shows that, for the material Al/AC 750/WQ, the pole 

densities lie within a range f(g) =5 to 7 for the {111} <uvw> orientations. 
In contrast to this, the {337} <uvw> pole densities show a very drastic 
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change from = 0 to 90^^ It starts from a rather high value of f(g) > 3 
at = 0^ and decreases at a fast rate with increasing valiic of ^ , atta- 
ining a value of zero at The third plot wliich is no thing but a 

plot of pole densities of the or icuitat ions (11, 11, } <uvw>, howevcM*, 

shows a rather small but more or less uniform pole density all throughout,. 

Similar plots for the material Al/AC 8iO/WQ are shown in Figure 
4o28« It is deaf from this figure that a moderately strong incomplete 
fibre texture component of the type {111} <uvw> is present, whereas no 
clear cut {337} <uvw> or {11, 11, 4} <uvw> fibre components are discern- 
ible, Figure 4,29 shows that for the material Al/WQ 750/WQ there is 
practically no fibre component present. Out of the three, the pole densi- 
ties of the {111} <uvw> orientations are the strongest and these lie within 
a range of f(g) = 4 to 9, The pole densities of the {337} <uvw> orienta- 
tions show a very wide variation from an f(g) value of 6*5 at = 0^ to 

an f(g) value of zero at = 50^ onwards. The pole densities of the 
{11, 11, 4} <uvw> orientations are rather weak, A moderately strong 
rather incomplete {111} fibre texture is found to be present in the 
material Al/WQ 810/WQ (Figure 4*30), whereas the pole densities of the 
{337} <uvw> and {11, 11, 4} <uvw> orientations are found to be rather 
weak and do not give rise to any significant fibre texture. 

The variation of f(g) with (j) along different for the 

alloy A4 with different initial heat-treatments followed by 60% cold- 
rolling, is shown in a graphical manner in Figures4,31 to 4,34, An 
examination of these plots reveals that for all the four different mater- 
ials, reasonably large peaks in pole density values are obtained at = 

55^ in both the sections = 0, ^2 ~ '^l ^2 ^ 


The 
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Is 

most interesting thing to notice /that, excepting A4/AC 810/WQ all the 
other three materials show nearly the same value of f(g) in both the 
sections^ In addition, moderately strong peaks in f(g) have been obtained 
at (f) = 75^ in both the ^^^tions for the materials A4/AC 750/WQ and 

A4/AC 810/WQa Flat peaks at (j) = 30 to 35^ have been obtained for the 
material A4/AC 810/WQ for both the 

A close look at the above plots gives sufficient indications of 
the presence of a reasonably strong {111} <uvw> fibre texture in all the 
four materials and a moderate {11, 11, 4} <uvw> fibre texture in at least 
two of the materials* All these possibilities have been systematically 
checked in a manner described above for the Al alloy* The relevant plots 
are shown in Figures 4*35 to 4*38* It is at once apparent from these 
plots that reasonably good {111} fibre texture is obtained in all the 
four materials* Whereas the pole densities for all the components comp- 
rising this fibre are reasonably strong (f(g) - 4) for the materials 
A4/AC 750/WQ, A4/WQ 750/WQ and A4/WQ 8iO/WQ, tl)e pole density values are 
nearly half of this in case of the material A4/A0 8.10/WQ. All these 
materials also show a reasonably good, though ra liver moderate hi I , II , 4} 
<uvw> fibre* The {337}'<uvw> orientations are not found to be developed 
as a fibre texture and can at best be thought of as a rather weak and 
incomplete fibre texture component* 

The variation of f(g) with (p along different 
alloy A5, with four different initial heat-treatments and subsequently 
cold-rolled 60%, is shown graphically in Figures 4*39 to 4*42* In all the 
four plots reasonably strong peaks in f(g) have been obtained at cj) = 55^ 
in both the if sections. The values of f(g) in the first three mater- 
ials are found to be nearly same in both the whereas 
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there is a perceptible difference in the values of f(g) in the two sections 
for the material A5/WQ 810/WQ« Practically, no other peak excepting the 
one mentioned above has been noticed in the above plots® These results 
clearly indicate the presence of a strong {111} fibre texture in these 
materials* This possibility has been checked by following the same proce- 
dure as was done in case of the alloys A1 and A4. The relevant plots are 
given in Figures 4.43 to 4*46® A close look at these figures clearly 
confirms the presence of a reasonably strong {111} fibre texture component 
in the first three of these materials; this component, though quite strong, 
is not that well developed in the material A5/WQ 810/WQ. A moderate reason- 
ably good {11, 11, 4} fibre texture component lias also been obtained in 
these materials, although no {337} fibre could be observed* 

A comparison of the texture data for the three cold-roiled alloys 
Al, A4 and A5 clearly indicates the differences i.n their deformation 
textures. Thus, whereas a reasonably strong {ill} fibre texture component 
is obtained for both the alloys A4 and A5, no {111} fibre is found to be 
present in alloy Al, Again, a weak {11, 11, 4} fibre has been found in 
alloy A4, this same component appears as not so well developed in alloy 
A5, while this may be treated as a weak and incomplete fibre in case of 
alloy Al o So far as the {337} <uvw> orientations are concerned, these do 
not comprise a fibre component in either alloy Al or A5, although alloy 
A4 can be supposed to have a rather weak and incomplete {337} fibre 
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Electron microstructures o£ 60% cold-worked alloy A1 
(a) AC 7S0/WQ (b)AG750/WQ 

(c) AC 750/WQ (d) AC 810/WQ 





Fig. 4.16 Electron microstructures o£ 60% cold-worked alloy A1 
(e) WQ 750/WQ (£) WQ 750/WQ 

(g) WQ 750/WQ (h) WQ 750/WQ 




4.16 Electron microstruct 
alloy A1 

.^1) WQ 810/WQ (j ) 






Fig. 4.17 Electron microstructures o£ 60% cold-worked alloy A4 
(a) AC 810/WQ (b) AC 810/WQ 

(c) WQ 810/WQ (d) WQ 810/WQ 



Fig . 4.18 


Electron microstructures of 60% cold -worked alloy A5 
(a) AC 750/WQ (b) AC 750/WQ 

(c) WQ 810/WQ (d) WQ 810/WQ 
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O.D.F’s showing 0i sections for 


(a) A1/AC 750/WQ 

(b) A1/ AC810/ WQ 

(c) Ar/WQ750/WQ 

(d) A1/WQ810/WQ 


Cold -roiled 60% 
Cold- rolled 607o 
Cold- rolled 60% 
Cold -rolled 607o 
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Fig. 4. 23 Variation of f(g) with 0 along different (pi/(/)2 lines 
for A 1 / A C 750 / WQ after 60 % cold ro 1 1 i n g . 
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Fig. 4.24 Variation of f(g) with (p along different (p ^/(/)2 lines 
for A1/AC810/WQ after 60% cold rolling. 
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Fig.4.25 Variaiion of f(g) with 0 along different (/)i/02 lines 
for AI/WQ 750/ WQ after 60°/o cold rolling. 
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Fig. 4.26 Variation of f(g) with 0 along different 0^/02 lines 
for A1/WQ 810/WQ after 60 % cold rolling. 
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Fig.4.28 Variation of f(g) with along different 0/^2 
for A1/AC810/WQ after 607. cold rolling. 







Fig. 4.29 Variatv^^^ of f(g) with .along different lines 

^ after 60% cold rolling. 
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Fig.4.31 Variation of f(g) with 0 along different 1 ( 1)2 lines 
for A4/AG750/WQ after 60% cold rolling. 





Variation of f(g) with ct> along different (/), /(/)2 
for A4/AC810/WQ after 607. cold rolling. 
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Fig. 4.33 Variation of f(g) with 0 along different lines 

for A4/WQ 750/ WQ after 60% cold rolling. 
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Fig.4.34 Variaiion of f(g) with <J> along different lines 

tor A4/WQ810/WQ after 60°/o cold rolling. 
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Fig. 4;35 Variation of f(g) with along different 0 Hfi 2 lines 
for A4/AC750/WQ after cold rolling. 
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Fig, 4.36 Variation of f (g) with along different 0 Hp 2 lines 
tor A4 MG 810 /WQ after 60% cold rolling. 






Fig.A.37 Variation of f(g) with along different 0/(^2 lines 
for A4/WQ750/WQ after GO'/o cold rolling. 
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Fig. 4.38 Variation of f(g) with (p, along different 0 /V 2 lines 
for A4/WQ810/WQ after 60% cold rolling. 
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Fig. 4.39 Variation of f(g) with 0 along different (/)^/(^2 lines 

A5/AC75G/WQ after 60% cold rolling. 
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Fig. 4.40 Variation of f(g) with 0 along different 

tor A5 /AC 810/ WQ after 60% cold rolling. 
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Fig.4.41 Variation of f(g) with along different lines 

A5/WQ750/WQ after 60% cold rolling. 
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Fig;4.42^ V of f(g) with 0 along different (p^/(j02 

for A5/ WQ 810/WQ after 60% cold rolling . 
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Fig. V f(g) with along different 0/(^2 lines 

for A5/AC750/WQ after 60% cold rolling. 
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Fig. 4.44 Variation of f(g) with ipi along different 0/^2 

A5/AC810/WQ after 60% cold rolling. 
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Fig. 4.45 Variation of fCg) with Pi along different 0/^2 
for A5/WQ750/WQ after 60*% cold rolling. 
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4,3 Recrystallisation Characteristics of the Alloys 
4,3,1 Microstructural Changes 

The microstructural changes during the course of recrystallisation 
were determined by subjecting the cold-worked alloys to recrystallisation 
anneal at the temperatures, 650°C, 700°C, 750°C, 800°C and 850°C for 
various lengths of time. Out of these, the first two temperatures are 
below the lower critical temperature ('^>723°C) whereas the remaining three 
are above this temperature. The progress of recrystallisation was moni- 
tored by studying the microstructural changes using both the light and the 
transmission electron microscopy techniques. The changes in the optical 
microstructures with the progress of recrystallisation are shown typically 
in the series of optical micrographs shown in Figures 4,47(a-d) and 
4.48 (a-d). The first series of micrographs were taken from the alloy A1 
with a prior heat-treatment of WQ 810/WQ, given a recrystallisation anneal 
at 650°C; while the second series was taken from alloy A5 with a prior 
heat-treatment of AC 750/WQ, given a recrystallisation anneal at 800°C,‘ 

It should be remembered that at the lower temperature of 650°C, the cold- 
rolled ferritic areas start recrystallising, whereas at the higher temp- 
erature of 800°C reaustenitisation of martensite and recrystallisation of 
cold-worked ferrite will take place simultaneously. A look at the Figures 
4.47 and 4.48 shows that the recrystallised ferrite grains nucleate both 
Che ferrite— martensite interface as well as insi.de the deformed 
ferrite grains; on the other hand, austenite grains appear to form both at 
the ferrite— martensite interface and within the martensitic areas. The 
end product in both the cases will, of course, consist of islands of 
martensite embedded in the recrystallised ferrite matrix. 
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It was also noticed, during the course of the present investiga*^ 
tion, that the volume percent martensite finally present in the dual- 
phase microstructure of any sample obtained by quenching from the recrys- 
tallisation temperatures of 750^C and above, was decidedly more than the 
corresponding value in the initially heat-treated starting material^* 

Higher the recrystallisation temperature, larger was the increment in the 
martensite volume fractional 

In order to have a better idea about the nucieation sites of 
recrystallised grains with different orientations, ns well as their growth 
behaviour, extensive studies were made, with the help of tlie T*E*M*, on a 
large number of thin foils made from the different alloys, in both parti- 
ally recrystallised and fully recrystallised conditions. The transmission 
electron microstructures taken from a number of thin foils of the alloy A1 
are given in Figures 4.49(a-d)* No perceptible difference in the micro- 
structure could be noticed in this alloy as a function of the initial 
heat-treatment,. Figure 4*49(a) shows the formation of a number of recrys- 
tallised grains and subgrains of varying sizes in the cold-worked matrix 
in a material which has been recrystallised at 650^C for 10 seconds* 

SoA.D. patterns were taken from the large central recrystallised grain (B) 
as well as the cold-worked regions on both sides of it (areas A and C)« 

The recrystallised grain B has been found to have the orientation {110} 
<001>, whereas the cold-worked areas A and C have the orientations 
{110} <111> and {110} <001> respectively* The bulging grain boundary of 
the recrystallised grain towards region A indicates its preferential 
growth in that direction* Presumably this grain has nucleated from cold- 
worked region of the same orientation, namely, {110} <001>* Another 
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interesting point to note in this micrograph is the presence of a fairly 
large number of fine precipitates within the recrystallised grains and sub- 
grains and a number of relatively coarse precipitates at the grain/subgrain 
boundaries. Figure 4o49(b) shows a typical electron microstructure of the 
alloy in the fully recrystallised condition (temperature of recrystallis- 
ation 800^C), The structure essentially consists of a number of small 
recrystallised grains of ferrite with some martensitic islands distributed 
in the matrix. Not many precipitate particles can be sc?en in the ferritic 
areas* Sometimes > the grain boundaries of the ferrite grains in 650^C 
annealed materials are found to be dotted with precipitate particles 
(Figure 4.49(c)). Figure 4.49(d) shows a large, recrys ta 1 l.ised area with 
some recovered region at the centre. The S.A.D, patterns taken from the 
areas A and B indicate that the crystallographic orientations in both cases 
are the same, namely, {111} <110>. This indicates that the area essenti^ 
ally consists of a large recrystallised grain with an orientation {111} 
<110>, having lots of dislocation debris at the centre. In addition to 
the orientations mentioned above, recrystallised grains having the orienta- 
tions {112} <110>, {100} <001>, {100} <011> and {221} <110> were also 
frequently seen in the electron microstructures taken from this alloy. 

As mentioned above, a fairly good amount of precipitates could be seen both 
inside as well as in the boundaries of the recrystallised grains/subgrains 
in the microstructure of the 650^0 annealed material. However, it was not 
possible to identify them from S.A.D, patterns. In contrast to the 650^^0 
annealed material, the material recrystallised at 800^0 showed very few 

precipitates in the ferrite matrix^ 

No significant difference could be obtained in the electron micro- 
graphs of the recrystallised structures of alloy A4 as a function of prior 
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heat-treatment, excepting that the recrystallised grains appeared to be 
somewhat larger in size for the material subjected to the AC/WQ treatment 
as compared to WQ/WQ treatments A typical overall view of the microstruc- 
ture of this alloy in the recrystallised condition is shown in Figure 
4»50(a)o Evidently the structure here consists of ferrite and martensite 
grains with a large density of fine precipitate particles along grain 
boundaries as well as within the ferrite grains* Figure 4*50(b) shows a 
partially recrystallised area with a number of small recrystallised grains* 
It is interesting to note that here a number of precipitates can be seen 
within the highly dislocated cold-worked areas also in addition to precipi- 
tates lying at grain boundaries and also within the recrystallised grains* 
The precipitate particles lying along the grain boundaries appear to be 
somewhat larger in size as compared to those lying in the grain interior 
(Figure 4.50(c))* In contrast to this behaviour, the f(;Trite grains in the 
material recrystallised at 800*^C showed only very few precipitate particles 
within (Figure 4.50(d)). The crystallographic orientations of the 
recrys tallised grains most frequently obtained are {1,12} <.111>, (112 1 <110>, 
{110} <111>, {111} <110>, {8, 9. 11} <313>, {110} <0()i> and {147} <311>. 

Most extensive T.E.M. examination has been carried out on thin 
foils made from partially and fully recrystallised A5 alloy. Figure 
4.51(a) shows an almost fully recrystallised area in alloy A5 which was 
given an initial treatment AC 750/WQ, then cold-worked 60% followed by 
annealing at 650^C for 10 seconds* The S*A*D* pattern taken from the 
entire area showed that it has the orientation given by {116} <331>* 

Figure 4.51(b) shows another area with a large recrystallised grain (A) at 
the centre* The crystallographic orientation of this grain has been found 
out to be near {221} <110>* The orientations from the areas marked B and C 
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flanking this big grain have been found to be {310} <001> and {125} <210> 
respectively® Some fine precipitates can also be seen along sub-boundaries 
and dislocations® 

Recrystallisation at a higher temperature of 800^0 in this alloy, 
with the same prior heat-treatment, leads to the formation of a coarse 
dispersion of a duplex ferrite martensite structure. This is shown typi- 
cally in Figure 4.51(c), Figure 4.51(8) shows an area with ferrite grains 
recrystallising out of the deformed matrix® The S.A.D* patterns taken 
from the areas A, B and C show that both A and B have got the same orienta- 
tion, namely, {2, 5, 13} <131>, whereas C has got the orientation {110} 
< 111 >. 

Figure 4, 52(a) shows typically a partially recrystallised area in 
the alloy A5, with a prior heat-treatment AC 810/WQ, 60% cold-rolled and 
then annealed at 650°C for 10 seconds® S.A.Do's taken from areas A and B 
show that they have orientations given by {111} <110> and {112} <111> 
respectively. Another partially recrystallised ferrite area is shown in^ 
Figure 4.52(b), Widely varying orientations have been obtained from diff- 
erent areas of this micrograph. It has been found out from the correspon- 
ding S®AoD, patterns that the crystallographic orientations encountered from 
different areas in this micrograph are {100} <0()1>, {3, 1, 10} <31 1> and 
{112} <111> respectively® 

The alloy A5, with the same initial heal -Lreatment, but recrystal- 
lisation— annealed at the higher temperature of 800 C has been found to 
have a duplex ferrite-martensite structure with a substantial amount of 
martensite. This is shown typically in Figure 4.52(c) where the martensite 
is also found to be heavily twinned® Figure 4.52(d) shows, at the centre, 
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a ferritic area undergoing recrystallisation at 800°C. The central grain 
marked A and area marked C have been found to have the orientation 
{100} <001>, whereas area B has the orientation given by {10, 1, 4} <146>a 

Figure 4o53(a) shows a partially recrystallised area from alloy A5, 
with an initial heat-treatment WQ 750/WQ, cold-rolled 60% and then given a 
recrystallisation anneal at 650*^C for 10 seconds* The central subgrain 
here has been found to have an orientation {116} <331>i> Figure 4.53(b) 
shows a number of elongated subgrains in the same alloy in. the same condi- 
tion. The subgrains have been found to have widely varying crystallographic 
orientations. For example, the subgrains marked A, B and 0 In the micrograph 
have been found to have the orientations {J47} <3l]>, {310} <00.1 > and 
{111} <110> respectively. 

Recrystallisation anneal of the same material at the higher temp- 
erature of 800^0 shows again a duplex ferrite-martensite structure with 
substantial amount of martensite. This is shown typically in Figure 4«33(c)* 
A partially recrystallised ferritic area is shown in Figure 4.53(d), The 
S^A.Do's taken from the areas marked A and C have shown that they have the 
same orientation, namely, {7, 12, 15} <331>, whereas the area B has an 
orientation given by {145} <111>. 

A typical transmission electron microstructure of the A5 alloy 
with a prior heat-treatment WQ 810/WQ, 60% cold-rolled and recrystallisa- 
tion-annealed at 650^0, is shown in Figure 4.54(a). The large recrystal- 
lised grain at the centre has been found to have an orientation {100} <001>. 
Figure 4.54(b) shows another area with a number of subgrains surrounding a 
moderately large sized grain at the centre (marked A), The S.A.D. pattern 
indicates that this grain has an orientation given by {147} <311>, The 


142 


crystallographic orientations of some of the subgrains surrounding A are 
{110} <111>, {100} <011> and {112} <111>. 

The same material when recrystallised at the higher temperature of 
800 C, shows a typical duplex ferrite-martensite structurOo An example of 
this is given in Figure 4o54(c)o Here the ferrite grain at the right is 
found to have a large number of dislocations in the area adjacent to the 
martensite phase^ Figure 4.54(d) shows an almost fully recrystallised, 
predominantly ferritic area. The orientations of the recrystallised 
grains have been found to be {147} <311>, {110} <111> and {100} <011>, 

4,3,2 Recrystallisation Texture 

The (110) pole-figures of the alloys Ai, A4 and A5, in the fully 
recrystallised condition, are shown in Figures 4,55 to 4,57 respectively. 

It is interesting to note from these pole-f igurcis that their general 
features look very much the same as the corresponding pole-figures meas- 
ured from the deformed materials. In other words, the texture components 
of the recrystallised alloys are basically {111} <112> and {111} <110> of 
which the former is much stronger than the latter. 

For alloy Al , the intensities of the maxima for the {111} <I12> 
component seem to be very nearly the same irrespective of the prior heat- 
treatments and the recrystallisation temperatures. In fact, these inten- 
sities are decidedly lower than those found in the deformation textures of 
this alloy. 

The intensities of the texture components have been found to be cut 
down rather drastically in the recrystallisation textures of alloy A4 as 
compared to the corresponding deformation textures. In fact, Figure 4,56 
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clearly shows that, in some cases, the recrystallisation texture can be 
considered as practically random. 

In contrast to the recrystallisation behaviour of alloys A1 and A4, 
the recrystallisation textures of alloy A5 (Figure 4,57) are found to be 
very much similar to the corresponding deformation textures (Figure 4,19) 
both in terms of texture components as well as their intensities. 

In order to have a better insight into the textural changes taking 
place in the three alloys A1 , A4 and A5, consequent upon recrystallisation, 
O.D.F. plots were made from all the three alloys having different initial 
heat-treatments , These plots are shown in Figures 4,58 to 4,63, Inten- 
sities of a few maxima in the 0,D,F, plots are indicated at appropriate 

places. 

A close look at these O.D.F, plots shows that for alloy A1 , 

f(g) is slightly higher for the higher recrystallisation temperature, 

^ max 

For alloy A5,f(g) is significantly higher for the higher recrystallis- 
ation temperature. On the other hand, for the alloy A4 , is found 

to be lower for the higher recrystallisation temperature. 

In general, for both the alloys A1 and A5, higher for 

the materials intercritically annealed at the lower temperature of 750°C. 
On the other hand, for the alloy A4, is found to be higher for the 

materials intercritically annealed at the higher temperature of 810°C. 

Again, in alloy A1 , higher for 

the WQ/WQ treatment as compared to AC/WQ treatment. No significant vari- 
ation in f (g) has been found for these two heat-treatments in alloy A4. 

Tn'cLX 

No general trend regarding the effect of heat-treatment on the f(g)^^^ 

value in alloy A5 has been noticed. 
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From a look at the OoD*F„ plots it is at once apparent that excep- 
ting in a few cases where the pole densities are significantly low (alloy 
A4, recrystallised at 800^0, all the other plots show a number of peak- 
type components in each case,, The Euler angles for such peak-type compo- 
nents were read out from the appropriate computer print-outs o The ideal 
orientation, (hkl) [uvw], corresponding to the Euler angles of the impor- 
tant maxima can be obtained from the Table 3o3o As in case of the defor- 
mation textures, the major texture components in the 0*DoF«*s of the 
recrystallised alloys have been found out to be {111} <110> and {111} <112> 
type* The minor components of the type {337} <110>, {337} <776>, {112} 
<111>, {112} <110>, {11, 11, 4} <110> and {11, 11, 4} <2, 2, 11> have also 
been detected* In addition, some other low intensity texture components 
have also been found and these are {110} <001>, {001} <]10>, {110} <110> 
and {310} <001> etc* So far as the peak-type components are concerned, 
there is not much significant difference in the defarmation and the recrys- 
tallisation textures in these three alloys* 

Next, the possibility of having fibre texture in the recrystall— 
ised materials has been checked by following the same procedure as was 
done for the deformation textures* The relevant plots for the alloy A1 
cold-rolled 60% and then fully recrystallised at the two temperatures of 
650^0 and 800^C are shown in Figures 4*64 to 4*67 for the different ini- 
tial heat-treatments. All these plots show the variation of pole density, 
f(g) with c() in the two sections = 0, 4^^ = '^5^ and = 90^, ~ 45*^, 

In t^e latter section, a reasonably sharp peak appears at - 55^ 
(corresponding to the orientation (111) [112]) for all the materials in 
this alloy having different initial heat-treatments and recrystallised at 
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two different temperatures* The pole densities corresponding to this 
orientation are remarkably similar for all the materials* In addition, 
in this section, another peak appears at - 75^ (corresponding to the 
orientation (11, 11, 4) [2, 2, llj)* In contrast to this behaviour, in 
the section =0, ^2 the plots of f(g) versus show a much 

flatter variation with The pole density levels encountered here are 
significantly higher as compared to those in the previous section* The 
positions of the major maxima in these plots are found to be shifted to 
somewhat lower values of cj) and may be assumed to correspond to the orien- 
tation = 0, 4) = 40^ and = 45^ which is equivalent to the orientation 
(335) [iTo], In addition to these major maxima, peaks in f(g) values have 
also been obtained at (j) = 75^ which, in this section, corresponds to the 
orientation (11, 11, 4) [lloj* 

From the above plots one thing is pretty clear and that is, the 
pole densities of the orientations {111} <uvw> and {335} <uvw> are the 
strongest in all cases* The pole densities of the {11, 11, 4} <uvw> orien- 
tations are also quite significant* However, it is not very apparent 
whether anv strong fibre texture is present* In order to check the possi- 
bility of having some kind of complete/ incomplete fibre texture in these 
materials, f(g) values were plotted for (a) ^ == 55^ and ~ 

'^l ” ^ '^2 ~ ^ ~ 75^ and 

= 45^ for = 0-90^* The reason behind going for these plots has 
already been given while describing the deformat ion texture results* All 
the above plots for the alloy A1 are given in Figures 4*68 to 4*71* 

Figure 4*68 shows that, for the materials with the heat-treatment AC/WQ 
where the inter-critical annealing was done at 750 C, no sharp and strong 
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fibre texture could be obtained whatever may be the recrystallisation 
temperature. In fact, the f(g) values with along (J) = 55°, = 45° 

have been found to vary within a range 2*3 to 4*>0, indicating that at best 
there may be a partial {111} fibre texture* From a look at the other 
curves in the same plot it may be said that, there is a weak and incom- 
plete fibre of the type (11, 11, 4} and practically no fibre of (337} 
type* Precisely similar results have been obtained for the material which 
was intercr itically annealed at SIO^C (Figure 4«69)o 

Figures 4*70 and 4*71 show that even for the WQ/WQ heat-treated 
materials of alloy Al, the results are quite similar to those with the 
AC/WQ heat-treatment in the sense that in all of them a strong partial 
fibre of the {111} type, a weak incomplete fibre of the (11, 11, 4} type 
and practically no {337} fibre have been obtained. One interesting thing 
to notice in the above plots is that the pole density values for the {111} 
partial fibre are all along higher for the higher recrystallisation temp- 
erature of SOO^C* 

The variation of f(g) with cj) along different 
alloy A4, with different initial heat-treatments followed by cold-rolling 
aiid recrystallisation at two different temperatures, is shown in a 
graphical manner in Figures 4*72 to 4,75* An examination of these plots 
reveals that for all the four different materials recrystallised at 
650^0, reasonably sharp peak in pole density values are obtained at 4 “ 

55^ in both the sections - 0, = 45^ and = 90^, - 45^, 

Another interesting thing to notice is that in all of them the f(g) 
values are nearly the same in both the sections. Peaks at (t) = 55^ 

in both the sections have also been obtained lor all the four 
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materials recrystallised at the higher temperature of SOO^Co However, the 
intensities of these peaks were found to be significantly lower than those 
for the 650^C recrystallised materials* In addition to the peaks at cf) = 

55"^, moderately strongs peaks in f(g) have also been obtained at <|) = 75^^ 
in both the ^^^^2 

A close look at the above plots gives sufficient indications of 
the presence of a reasonably strong {111} <uvw> fibre texture in all the 
four materials* Such a possibility has been systematically checked in a 
mannel: described earlier for the alloy A1 * The relevant plots are shown 
in Figures 4*76 to 4.79* It is apparent from these plots that reasonably 
strong {111} fibre texture is obtained in all the four materials recrysta- 
llised at 650^Co This fibre is found to be significantly weaker for the 
higher temperature of recrystallisation, namely, 800^C* In addition to 
this, a rather weak {11, 11, 4} <uvw> partial fibre can also be identified ^ 
in all the above plots. The {337} <uvw> orientations are not found to be 
developed as a fibre texture and can at least be thought of as a rather 
weak and incomplete fibre texture component. 

The variation of f(g) with cf) along different 
alloy A5 with different initial heat-treatments followed by cold-rolling 
and recrystallisation at two different Lenip(rrature.s , is shown in a grap- 
hical manner in Figures 4*80 to 4*83, From all these plots it is found 
that in the section '1'^ = 90°, '\!^ = 45°, a sharp peak appears at <j) = 55° 
(corresponding to the orientation (111) [ TI 2 ] ) for all these materials in 
this alloy having different initial heat-treatments and recrystallised at 
two different temperatures. In addition, there are a few minor peaks in 
this section, but these are not of much significance because of their very 
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low intensity* In contrast to this behaviour, in the section = 0, 

^2 ~ plots of f(g) versus (p show comparatively strong but flatter 

peaks* The positions of the major maxima in these plots are found to be 
shifted to somewhat lower values of (p and may be assumed to correspond to 
the orientations = 0, (|) = 40°, 4-^ = 45° and = 0, <ji = 50°, 'F^ = 45°, 
which are equivalent to the orientations (335) [lioj and (445) [ilo] res- 
pectively. One significant observation from these plots is that the 
intensities of the peaks are much sharper for the material recrystallised 
at the higher temperature of 800^0 as compared to the material recrystal- 
lised at the lower temperature of 650^0. 

In order to check the possibility of having some kind of 
complete/incomplete fibre texture in these materials, f(g) values have 
been plotted for (a) cp - 55^ and = 45^ for = 0-90^, (b) (p = 30^ and 
= 45° for = 0-90, and (c) <p = 75° and = 45° for = 0-90°. All 
the above plots for the alloy A5 are given in Figures 4,84 to 4*87, A 
look at these plots clearly shows the presence of a reasonably good {111} 
type fibre texture in all the four materials. Out of these, the best 
fibre texture has been obtained for the material with the heat-treatment 
WQ/WQ which has been intercr itically annealed at 810^C, In all the above 
plots the intensity of the {111} fibre has been found to be much stronger 
for the higher recrystallisation temperature of SOO^^C, In addition to 
the strong {111} fibre textu'“e component no other fibre could be detected 
in alloy A5 in the recrystallised condition* 

A comparison of the texture d'^ta -^or the thr^e alloys A1 , A4 and 
A5 in the recrystallised condit“ion clearly indicates the differences in 
their recrystallisation texture. Thus, whereas sharp {111} fibre texture 
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component has been obtained for both the alloys A4 and A5j no {111} fibre 
could be found in alloy A1 * Again, the intensity of the {111} fibre is 
found to be significantly stronger in case of alloy A5 than A4, A weak 
partial {11, 11, 4} fibre has been found in alloy A4, this same component 
'is not at all developed in alloy A5, while the same component may be 
treated as a weak and incomplete fibre in case of alloy A1 * So far as 
the components {337} <uvw> is concerned, these do not comprise a fibre 
component in either alloy A1 or A5, although it can be seen as a rather 
weak and incomplete fibre in alloy A4* One major difference in the 
recrystallisation textures of alloys A4 and A5 is that, whereas in the 
former alloy a stronger {111} fibre is obtained for the lower recrystal“ 
lisation temperature of 650*^0, in the latter recrystallisation at a 
higher temperature of 800^^0 has been found to produce a strong {111} 
fibre* 

4.3*3 Kinetics of Recrvstallisation 

The recrystallisation kinetics in respect of the three alloys A1 , 
A4 and A5 have been studied from measurements of the microhardness values 
of the cold-worked, partially recrystallised and fully recrystallised 
materials. Instead of carrying out the kinetics studies on all the four 
differently heat-treated initial materials in each alloy, measurements 
were made only on those materials which had an initial heat-treatment, 
such as, AC 750/WQ and WQ 750/WQ, This was done with the idea that, out 
of the four different heat-treatments in each alloy, these two produced 
larger volume fraction of ferrite in the dual-phase microstructure. Lt 
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is, of course, understood that the kinetics studies mentioned above 
refer to the ferritic phase only* 

Results of recrystal iisation kinetics studieus are given in 
Figures 4o88 to 4,93* Each figure refers to the measurements made lor 
any one alloy with a specific initial heat-treatment , In addition, each 
figure consists of (a) a plot showing the variation of microhardness of 
ferrite with time at different annealing temperatures, (b) Avrami plots of 
recrystallised volume fractions estimated from the microhardness data 
and (c) Arrhenius plots for the measurement of activation energies, Q, 

A close look at the microhardness versus time plots at different 
annealing temperatures for all the three alloys shows that the micro- 
hardness of the ferrite phase decreases with increase in annealing time, 
as expected. However, at higher temperatures of annealing, the microhard- 
ness is found to decrease initially, then goes through a minimum before 
rising again at longer annealing times* 

In general, the Avrami plots of recrys taliiseci volume fractions 
shown in the above figures (Figures 4,88b to 4,93b) indicate two dis- 
tinct regions which may be due to the occurrence of two distinct processes 
during recrystallisation* The corresponding ‘m'-values have been marked 
at appropriate places in these diagrams, 

Arrhenius plots for the measurement of activation energies are 
also incorporated in the Figures 4*88c to 4,93c* These diagrams have 
been drawn for (A) time t^ ^ for 50% recrystallisation, (B) time x 
(estimated from Avrami plots) for 63% recrystallisation, and (C) time 
t o for 80 % recrystallisation. These parameters have been so chosen as 
to cover both sides of the region of change-over of the slopes of the 
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Avrami plots* The measured values of the activation energies have been 
marked at appropriate places in the diagrams mentioned above* These 
values are also given in a tabular form in Table 4*4* It is clear from 
this table that, for a particular alloy, there is practically no signifi- 
cant variation in the Q~values as a function of either the difference in 
initial heat-treatment or due to measurements being made for three 
different levels of recrys tallisation* Apparently, the two distinct 
stages indicated in the Avrami plots essentially have similar Q-values, 

The Q-values measured for all the three alloys are quite similar and range 
between 17 and 20 KCal/^ole (Table 4,4)* 

Table 4*4 

*Q*-values Obtained from Recrys t a 1 I i sation Data 


Alloy 

Initial heat- 


Q-values, KCal/^ 

mole 

designation 

treatment 

Time-to^5, 
for 50% 
recrystal- 
lisation 

Tirae-'f for 
63% recrys- 
tallisation 

for 80% 
recrystal- 
lisation 


AC 750/WQ 

19.2 

16.9 

17.7 

A1 


WQ 750/WQ 

18.4 

17*8 

18,6 


AC 750/WQ 

18.7 

18.7 

20.6 

■ ■A4' ■ ■ . . 


WQ 750/WQ 

16.9 

16.2 

17.3 


AC 750/WQ 

16,3 

15.8 

17.0 

A5 


WQ 750/WQ 

20,2 

17.3 

17.3 
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Optical microstructures of alloy AS after 

recrystallisation anneal at 800°C for 

(a) 5 sec (b) 7 sec (c) 10 sec (d) 30 sec 
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recrysta I I i sc-d alloy A 1 
(hj Wq 8 I O/Rex 8 00/ 5 see 
(ct) WQ 0 50/10 see 


Electron raierii 
(a) AC 810/Ucx 
(c) WQ 750/Rex 
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Electron microstructures of recrystal l.ised alloy A4 
(a) WQ 810/Rex 650/10 sec (b) AC 8 1 O/Rex 650/10 sec 
(c) WQ 750/Rex 650/10 sec (d) WQ 750/Rex 800/2 sec. 




Electron microstructures o£ recry stal Lised alloy 
AS/AC 750 

(a) Rex 650/10 sec (b) Rex 650/10 sec 

(c) Rex 800/5 sec (d) Rex 800/5 sec 




Electron microstructure.s of recrysta 1 1 i sccl alloy 
A5/AC 810 
(a) Rex 650/10 sec 
(c) Rex 800/5 sec 


(b) Rex 650/10 sec 
(d) Rex 800/5 sec 








Electron microstru 
A5/WQ 750 
(a) Rex 650/10 sec 
(c) Rex 8 00/5 sec 


(d) 

s of recrystallised alloy 

b) Rex 650/10 sec 
Rex 800/5 sec 



Electron microstructures of recrysta 1.1 iscd alloy 
AS/WQ -810 

(a) Rex 650/10 sec (bj Rex 650/10 see 

(c) Rex 800/5 sec (d) Rex 800/5 sec 



UlUJ pole-figures of alloy A1 
AC750/WQ (a) Rex650/ AOs (b) Rex 800 /10s 
AC810/WQ (c) Rex650/40s(d) Rex 800 /10s 
WQ750/WQ (e) Rex650 /40s (f ) Rex 800 /10s 
WQ810/WQ (g) Rex650 /40s(h) Rex 800/10s 




ig. 4.56 (110) pole-figures of alloy A4 

AC750/WQ (a) Rex 650/60s(b) Rex 800 /10s 
AC810 /WQ (c) Rex 650 /60s(d) Rex 800 /10s 
WQ750/WQ (e) Rex 650 /60s(f) Rex 800 /10s 
WQ810/WQ (g) Rex 650/60s(h) Rex 800/IOs 
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Fig. 4.57 (110) pole-figures of alloy A5 

AC750/WQ (a) Rex 650/60s(b)Rex 800 /10s 
AC810/WQ (c) Rex 650/60s(d)Rex 800/IOs 
W0750/WQ (e) Rex 650/60s(f)Rex 800 /10s 
WQ810/WQ (g) Rex 650/60s(h) Rex 800 /10s 
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Fig. 4-58 O.D.F’s showing sections for , 

(a) A1/AC 750/WQ Rex 650/40 sec 

(b) A1/ AC 750/WQ Rex 800/10 sec 

(c) A1/AC810/WQ Rex 650/40 sec 

(d) Al/ AC810/ WQ Rex 800/ 10 sec 
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Fig.4-59 O.D.F’s showing sections for 

(a) A1/WQ 750/WQ Rex 650/40 sec 

(b) Al/WQ 750/WQ Rex 800/10 sec 

(c) A1/ WQ 810/WQ Rex 650/40 sec 
Al/ WQ 810/ WQ Rex 800/10 sec 
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Fig.4-60 O.D.F’s sectio 01 sections for 

(a) A4/AC750/WQ Rex 650/60 sec 

(b) A4/AC750/WQ Rex 800/10 sec 

(c) A4/AC810/WQ Rex 650/60 sec 

(d) A4/AC810/WQ Rex 800/10 sec 
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O.D.F s showing (Si sections for 

(a) A4/WQ 750/WQ Rex 650/60 sec 

(b) A4/W0 750/WQ Rex 800/ 10 sec 
Cc) A4/WQ810/WQ Rex 650/60sec 
(d) A4/WQ810/WQ Rex 800/ 10 sec 
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(a) A5/AC 750/WQ Rex 650/60 sec 
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(c) A5 / AG 81 07 WQ Rex 650/60 sec 

(d) A5 / AC 810/ WQ Rex 800/10 sec 
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Fig. 4.64 Variation of f(g) with 0 along different (/)^/(P 2 lines for 

after recrystallisation . 



Fig.4.65 Variation of f(g) with 0 along different (p^/(p 2 lines for 
A1/AC810/WQ after recrystaHisation. 
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Fig. 4.66 Variation of f(g) with 0 along different (Pi/^2 I for 
A1 /VVQ 750/WQ after recrystallisation . 
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Fig. 467 Variation of f(g) with 0 along different (p^/(P 2 lines for 
A 1 / WQ 810/ WQ after recrystallisati on . 



Fig.A.68 Variation of f(g) with ip^ along different 01(02 lines for 
A1/AC750/WQ after recrystallisation. 
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Fig. 4.69 Variation of f(g) with (/)-, along different 0 / 9)2 lines for 
A17AC 810/ WQ after recrystallisation. 
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Fig. 4.70 Variation of f(g) with (Pv along different 01^2 lines for 
A1/WQ750/WQ after recrystallisation. 
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Fig.4.71 Variation of f(g) with along different 00 ^ lines for 

after recrystaUisation . 
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Fig.4.72 Variation of f(g) with 0 along different lines for 

A 4 /AC 750 /WQ after recrystaliisation . 



178 



Fig. 4.73 Variation of f(g) with 0 along different ^^ 1^2 ^or 

A4/AC 810 /WQ after reGrystaHisation. 
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Fig:4.74 Variation of f(g) with (p along different for 

A47WQ750/WQ after recrystallisation. 



Fig. 4.75 Variation of f(g) with 0 along different ^^7^2 lines for 

after recrystaHisation , 
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Fig. 4.76 Variation of f(g) with along differerent 0/^ lines for 

after recrystallisation . 
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Fig.4 77 Variation of f(g) with along different 0l(fi2 lines for 

810/WQ after recrystallisation. 
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Vl 

Fig.4.78 Variation of f(g) with along different 0/(p2 lines for 

after recrystallisation . 
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Fig. 4:79 V of f(g) with along different 0/^)2 lines for 


A4/WQ 810/WQ after recrystallisation . 
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Fig. 4-80 Vanalion of f(g) with <|> along different ^\/^2 lines for 
A5/AC 750/WQ after recrystal lisatlon. 
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Fig. 4. 81 Variation of f(g) with 0 along different ^ 1/^2 lines for 

after recrystallisation. 
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Fig. 4-82 Variation of f(g) wHh 0 along differed lines for 

A5/WQ750/WQ after recrystallisation. 
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Fig. 4-83 Variation of f(g) with along different for 

A5/WQ 810/WQ after recrystatlisatlon. 
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Variation of f(g) with (Pi along different 0/^2 lines for 
A5/AC 750/WQ after recrystaUisation. 
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Fig 4.85 Variation of f(g) with along different <Z )/^^2 
^ ^ recrystallisation. 
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Fig. 4.86 Variation of f(g) withV, along different cOKfi^Vines for 
A5/VI/Q 750/WQ after recrystallisation . 
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Fig.4.87 Variation of f(g) with along different 0l(p2 lines for 
A5/WQ 810/WQ after recrystallisation. 
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Fig. 4-88 Results of recrystallisation kinetics studies for alloy A1 with 
initial heat treatment AC 750/WQ 

(a) Variation of micro-hardness of ferrite with time at different 
annealing temperatures 

(b) Avrami-plots of recrystallised volume fractions estimated 
from micro-hardness values 

(c) Arrhenius-plot for measuring the 'O’- values. 




Degree of recrystalllsalion In 




Fig.4-89 Results of recrystal lisation kinetics studies for alloy A1 with 
Initial heat treatment WQ 750/WQ 

of ferrite with time at different 

annealing temperatures 

(b) Avrami-plots of recrystaUised volume fractions estimated 
from micro-hardness values 

(c) Arrhenius-plot for measuring the 'O’- values. 
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Fig. 4-90 Results of recrystallisation kinetics studies for alloy A 4 with 
initial heat treatment AC 750/WQ 

(a) Variation of micro-hardness of ferrite with time at different 
annealing temperatures 

(b) Avrami-plots of recrystallised volume fractions estimated 
from micro-hardness values 

(c) Arrhenius-plot for measuring the ’Q’- values. 
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Fig.4.9t Results of recrystallisation kinetics studies for alloy A4 with 
initial heat treatment WQ750/WQ 

^ ^ of micro-hardness of ferrite with time at different 

(b) Avrami-plots of recrystallised volume fractions estimated 
from micro-hardness values 

(c) Arrhenius-plot for measuring the 'Q*- values. 
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Results of recrystallisation kinetics studies for alloy A5 with 
initial heat treatment AC750/WQ 

(a) Variation of micro-hardness of ferrite with time at different 
annealing temperatures 

(b) Avrami- plots of recrystallised volume fractions estimated 
from micro-hardness values 

(c) Arrhenlus-plot for measuring the ‘Q-values. 
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Fig.4<93 Results of recrystallisation kinetics studies for alloy A5 with 

heat treatment WQ750/WQ 

(a) Variation of micro-hardness of ferrite with time at different 
annealing temperatures 

(b) Avrami-plots of recrystallised volume fractions estimated 
from micro-hardness values 

(c) Arrhenius-plot for measuring the *Q-values. 
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4^4 Estimation of ^r^~Values 

The variation of the theoretically calculated *r* values with angle 

made with the rolling direction for the three alloys, Al, A4 and A5 in the 

cold-rolled condition, is shown graphically in Figures 4*94, 4,95 and 

4,96 respectively, A high level of anisotropy in *r* values is clearly 

apparent in all these diagrams* The values of r^, ^45* ^90 ^ ~ 

(r + It , r r^^)/4 have been taken from these diagrams and tabulated 

o 45 90 

alloy-wise in Table 4,5, No clear-cut pattern of variation in r-values, 
as a function either of alloy composition or heat-treatment, emerges from 
these results. 


Table 4,5 



r-values of Cold-worked Alloys 



Alloy 

designation 

^0 ^45 ^90 

r 

Ar 


Al/AC 

750/WQ 

0,53 

1,63 

0.95 

1.19 

-0.89 

Al/AC 

810/WQ 

0.70 

0.86 

1.40 

0,96 

0.19 

Al/WQ 

750/WQ 

0.58 

1.36 

0.97 

1.07 

-0.59 

Al/WQ 

810/WQ 

0.80 

0.81 

1 , 1 0 

0,BB 

0.14 


A4/AC 

750/WQ 

0.86 

1,29 

1.15 

1.15 

-0.29 

A4/AC 

810/WQ 

0.61 

0.84 

1.01 

0,82 

-0.03 

A4/WQ 

750/WQ 

0.82 

1.30 

1.14 

1.14 

-0.32 

A4/WQ 

810/WQ 

0.77 

1.27 

1.11 

1.11 

-0,33 


A5/AC 

750/WQ 

0.72 

1.76 

1.07 

1.33 

-0.87 

A5/AC 

810/WQ 

0.73 

1.36 

1.14 

1.15 

-0,43 

A5/WQ 

750/WQ 

0,65 

1.19 

1,08 

1.03 

-0.33 

A5/WQ 

810/WQ 

0,61 

1.12 

1,12 

0.99 

-0.26 
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Figures 4*97 to 4«102 depict the variation of the theoretically 
calculated *r*“Values with angle made with the rolling direction for the 
three alloys in the fully recrystallised condition* The recrystallisation 
was accomplished at two different temperatures, namely, 650^C and 800^0* 
The results are also shown in a tabular form in Table 4«6* 


Table 4.6 

r-values of Recrystallised Alloys 


Alloy 

designation 

Recrystallised 

at 650°C 

Recrystallised 

at 800 

°C 

^0 

"45 

"90 

r 

Ar 

"0 

"45 

"90 

r 

Ar 

Al/AC 

750/WQ 

0.68 

0.87 

0.76 

0.79 

-0.15 

0.82 

1.12 

0,82 

0.97 

-0.30 

Al/AC 

810/WQ 

0.74 

0.78 

0.74 

0.76 

-0.04 

0.96 

0.82 

0.90 

0,88 

0,11 

Al/WQ 

750/WQ 

0.73 

0.92 

0.77 

0.84 

-0.17 

0.91 

1.08 

0.80 

0.96 

-0.23 

Al/WQ 

810/WQ 

0.75 

0,67 

0.77 

0.71 

0.09 

0.81 

0.84 

0.76 

0,82 

-0,06 

A4/AC 

750/WO 

0.88 

1.20 

1.10 

1.10 

-0,21 

1.07 

0,83 

0.88 

0,90 

0,15 

A4/AC 

810/WQ 

0.86 

1.29 

1.13 

1.15 

-0.30 

1.15 

0,76 

0.86 

0,88 

0.25 

A4/WQ 

750/WQ 

0,76 

1.05 

1.06 

0,98 

-0,14 

1,08 

0.71 

0.85 

0.84 

0,26 

A4/WQ 

810/WQ 

0.72 

1.19 

1.03 

1.03 

-0.32 

1.12 

0.73 

0.98 

0,89 

0.32 

A5/AC 

750/WQ 

0.66 

1.06 

1.11 

0.97 

-0.18 

0.69 

1,69 

1.03 

1.27 

-0,83 

A5/AC 

810/WQ 

0.68 

1.22 

1.07 

1.05 

-0.35 

0.66 

1.31 

1,06 

1.08 

-0.45 

A4/WQ 

750/WQ 

0,94 

0.91 

1.34 

1.02 

0.23 

0,66 

1.50 

1.08 

1.19 

-0.63 

A5/WQ 

810/WQ 

0.77 

1,10 

1,23 

1.05 

-0.10 

0.68 

1.31 

1.11 

1,10 

-0.42 


The anisotropy behaviour in the 'r*'--values, as obBtuved for the 
cold-rolled materials, seems to persist even after recrystal lisation» Out 
of the three alloys, alloy A1 possesses the minimum r-values while alloys 
A4 and A5 have somewhat higher r-values. There is also no significant 
variation of the *r ‘-values as a function of recrystallisation temperature. 
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However, from a look at Table 4«,6 this much can be said that alloy A5 has 

the highest and Al the lowest set of *r*~values whereas alloy A4 has 

intermediate values® Again, in alloy A5, the largest values of *r* have 

been obtained for orientations making 45^^ with the rolling direction for 

the materials recrystallised at 800^C* Thus, it can be seen from Table 

4*6 that r, _ values as high as 1*69 and 1*50 have been, obtained for 
45 

A5/AC 750/WQ and A5/WQ 750/WQ respectively while a value of 1.31 has been 

found for both A5/AC 810/WQ and A5/WQ SIO/WQ® 

The values of the parameter Ar = (r + r^. “ 2r.-)/2 have also 

o 90 45 

been noted in Tables 4.5 and 4.6. Alloy A5 has been found to possess the 
largest set of Ar values while alloy Al the smallest. The Ar values for 
alloy A4 have been found to lie in between these two extremes. 
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Fig.4-97 Variation in the Lankford strain ratio r with angle 
from the rolling direction for alloy A1 , cold-rolled 
607o and recrystallised at 650°C for 40 sec. 
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Fig.4. 98 Variation in the Lankford strain ratio r with angle 
from the rolling direction for alloy A1. cold-rolled 
607o and recrystallised at 800°C for 10 sec 
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607o and recrystallised at 650 “C for 1 min. 
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Chapter V 

Discussion 


The foregoing pages deal with the experimental results of a 
systematic study of the recrystallisation behaviour and texture formation 
in three dual-phase steels , namely, A1 , A4 and A5, The initial heat- 
treatments were so designed as to yield four different dual-phase struc- 
tures in each alloy « Thus, for the three alloys, twelve such dual-phase 
distributions were arrived at, each one of which was then subjected to 
cold-rolling followed by recrystallisation treatments. The recrystallis- 
ation behaviour in each case was studied and the development of textures 
looked into in some detail. In this chapter the salient experimental 
observations are discussed critically, 

5,1 Characterisation of the Starting Materials 

The dual-phase steels, investigated in this study, consist 
essentially of ferrite and martensite. In alloy A5, the ferrite present 
is the one that existed during the intercritical holding and may be 
termed as "retained or "old" ferrite. On the other hand, the total 
ferrite in alloys A1 and A4 is made up of both "old" ferrite and the 
ferrite which is formed during cooling from the intercritical tempera- 
tures, the "transformed" or "new" ferrite. The presence of new ferrite 
in alloys A1 and A4 and its absence in alloy A5 may be explained as 
follow^s. Table 3.1 shows that excepting carbon, whose amount is nearly 
the same in the three alloys, alloy A1 contains about 1,5% Si, alloy A4 
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contains about 1*5% Si and 1,5% Mn, whereas alloy A3 contains about i«5% 

Mn as the dominant alloying elements. If sufficiently long inter cr i t ica I 
annealing is allowed at a reasonably high tempers ture , manganese will tend 
to partition into the austenite phase, while silicon goes into the 
ferrite phase [l94j. However, taking into consideration the intercr i tical 
annealing temperatures and times used in the present study, it may be 
argued that complete equilibrium will not be possible to attain, rather a 
paraequilibrium condition may be maintained. Thus, partitioning of the 
alloying elements may be limited to the austenite region adjacent to the 
old-f errite/austenite interface, since the substitutional alloying ele- 
ments are expected to diffuse rather slowly at these temperatures [43], It 
is well-knox^ that the addition of manganese makes the austenite more stable 
and slows down the reaction of austenite to form ferrite; on the other 
hand silicon makes the ferrite more stable and therefore accelerates this 
reaction, 

Wlien the rate of cooling is sufficiently liigh» as during quenching 
from the intercritical annealing temperature, the driving force for the 
austenite to "transformed" or "new" ferrite reaction will be large [l95]. 
Depending on the composition of the alloy, this large driving force may 
or may not overwhelm the larger resistance for transformation to”new" 
ferrite of the austenite region near the "old" ferrite/austenite interface. 
Again, if lot of "old" ferrite is present by the end of the intercritical 
annealing, a large "old" ferrite/austenite interfacial area may help the 
process of growth of the "transformed" or "new** ferrite which possibly 
deposits epitaxially on the '*old" ferrite without generating any large 
angle boundary between the two ferrite constituents. Optical micrographs 
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from the stained samples of alloy A1 (Figure 4.4) clearly support this 
idea. The volume percents of "new" ferrite likely to be formed in the* 
three experimental alloys can now be rationalised on the basis of their 
chemical composition. Thus, alloy A1 which contains a large amount of Si 
but only a trace of manganese, will be expected to have a larger volume 
percent of "new" ferrite, for the same heat-treatment, as compared to 
alloy A4 which contains nearly the same amounts of silicon and manganese. 
For alloy A5 which contains a large amount of Mn but only a trace of 
silicon, the austenite is expected to be sufficiently stable not to 
transform into "new" ferrite during cooling from the int ercrit ica 1 annea- 
ling. The experimental results (Table 4.1) very well agree with these 
ideas . 

Transmission electron microstructures taken from the three alloys, 
after different initial heat-treatments, did not reveal any basic diff- 
erence in the structures of the constituent phases. The martensite in 
all cases was found to consist of dislocated laths while the ferrite was 
invariably found to contain a large density of very fine particles. A 
number of workers have reported the presence of very fine carbides (or 
carbonitrides ) in the ferrite region of as-quenched dual-phase steels 
[38, 71, 196j * Fine particles ('^20 R wide, '^^lOO R long), presumably 
carbonitrides, have been observed in an as-quenched dual-phase steel . 
having a composition similar to those of the three alloys under inves- 
tigation [5l]. It has been suggested that discontinuous precipitation 
of carbides results from the y a + carbide reacLion after the nuclea- 
tion and growth stages of the "new" ferrite are complete? upon quenching 
from the intercritical temperature. Figure 5.1 is a schcnui i: i c 
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illustration of the sequence of interphase carbide precipitation in a 
quenched dual-phase steel. During quenching, the **new” ferrite nucleates 
epitaxial ly at the prior aus tenite/'’old'’ ferrite interface and grows 
until the moving interface is saturated with respect to carbon (or vana- 
dium, as in this case) to a critical level above which carbides nucleate 
along the moving interface [51 Koo and Thomas [ibj have reported that 
the particle size of the carbides will be coarser in the earlier stage of 
precipitation due to higher transformation temperature. If, on the 
other hand, the martensitic transformation proceeds before the nucleaticm 
of the interphase precipitation, the "new” ferrite will be sandwiched 
between martensite and "old" ferrite, leaving "precipitate free zones". 
The "old" ferrite also shows a very fine carbide precipitation inside. 

The 0.2% Y.So and the U.T.So of the three alloys, after inter- 
critical annealing, are found to increase in the order: alloy A5 A1 
A4 (Table 4.2). The highest strength properties of alloy A4 can be 
correlated to the presence of the maximum amount of martensite in this 
alloy. Although the volume percents of martensite in the alloys A1 and 
A5 are very nearly the same, the higher strength of A1 is very likely 
due to significant solid solution hardening of the ferrite phase due to 
silicon. High strength of ferrite also contributes to the total streng- 
thening of the alloy A4. In fact, the microhardness valvies of the 
ferrite phase have been found to be significantly higher in alloys AI 
and A4 as compared to alloy A5 (Table 4,3). The values for the strain- 
hardening parameter ’n* have been found to be the lowejst for alloy A4 
(Figure 4*12). For the other two alloys, namely A 1 and A5, 'n* is found 
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to have rather low values for the AC 810/WQ material and substantially 
higher values for the AC 750/WQ materia]. In fact, it: can be seen from 
Table 4cl and Figure A. 12 that values of *n* can be correlated quite well 
with the volume percents of martensite in the heat-treated dual-phase 
materials. In fact, higher the martensite volume fraction, lower is the 
®n* value. Previous work [i97j on the alloy A4 showed that it exhibits a 
strong E-auschinger effect over a range of tensile prestrain. The Bausch— 
inger effect was found to increase with increasing martensite volume con- 
tent upto about 20%, beyond which it showed a decrement. It was suggested 
that back stresses generated due to dislocations accumulated at martensite 
islands during tensile prestrain might be responsible for the large 
Bauschinger effect. However, when the martensite islands are situated too 
close, the groups of dislocations at the islands may result in lower 
magnitude of long range back stresses due to partial cancellation of back 
stresses through mutual interactions. The decrease in the magnitude of 
the Bauschinger effect when the martensite volume percent exceeded around 
20% was suggested to be due to such a relaxation effect. There is little 
doubt that a similar explanation may be put forward in order to explain 
the variation of the strain-hardening parameters for the three alloys 
as a function of the corresponding martensite contents, 

5.2 Microstructures and Textures of the Deformed Alloys 

It has-been found that, irrespective of the different initial 
heat-treatments, the microstructures in any of the cold-deformed alloys 

are remarkably similar. In all the cold-worked alloys, the original 
ferrite grains and, in most cases, even the martensitic regions have 
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been observed to be elongated along the direction of rollingo The struc- 
tural features were found to be the finest in alloy A4.j presumably due 
to the highest volume fraction and proximity of the martensite particles 
in that alloy^ In all the alloys, the deformed ferrite grains were found 
to consist of a large number of nearly parallel cells with a high disloc- 
ation density. In contrast to the alloys A1 and A4, the ferrite cell- 
structure in many places in the cold-deformed alloy A5 showed distinct 
signs of recovery leading to the formation of subgrains* This difference 
is possibly due to the fact that the ferrite in alloy A5 is much softer 
as compared to the ferrites in the other two alloys (Table 4*3)* 

Distinct differences have been obtained in the deformation 
textures of the three alloys as described in detail in Chapter IV* Thus, 
the sharpest deformation textures were obtained for alloy A1 and the 
weakest for alloy A4 while intermediate values of texture intensities 
were found for alloy A5 (Figures 4.19-4*22)* It is interesting to note 
that the experimentally determined values of the volume percents of 
martensite in the intercritically annealed microstructures of the three 
alloys are in the increasing order Al A5 A4 (Table 4*1)* Thus, it 
may be tempting to come to the conclusion that the intensity of the 
deformation texture increases in the order A4 ->■ A5 ^ A1 as possibly 
because the available total volume of ferrite, which may undergo deforma- 
tion during rolling, increases in the same order in the three alloys. 

It can further be seen in Figures 4.19-4*22 that, in general, in 
any particular alloy, the cold-rolled texture of the material produced 
by the lower temperature (750^C) intercr itical annealing is much sharper 
as compared to the texture of the material intercritically annealed at 
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higher temperature (810 C)* This can again be related, in a manner 
similar to the above, to the differences in the martensite or ferrite 
contents of the materials produced by two different intercr itical annealing 
temperatur es o Evidently, martensite, being the harder phase, its presence 
in the microstructure is expected to inhibit easy plastic flow in the 
ferrite matrix® Thus, more the volume fraction of martensite in the 
alloy, more difficult it should be to systematically reorient the grains 
in the matrix (by plastic deformation) in order that a sharp texture 
may be produced® This coupled with the difference in the available ferrite 
content in the microstructure may explain the observed differences in 
the sharpness of the deformation textures® 

The volume percent of martensite in the microstructure alone cannot 
determine the observed differences in the sharpness of the deformation 
texture® This will be clear if a comparison of the texture intensities 
is made, in the same alloy, for materials subjected to the AC/WQ treatment 
as well as the WQ/WQ treatment® Thus, in case of alloy A1 (Figure 4®20), 

WQ 750/WQ and WQ 810/WQ materials have been found to possess a sharper 
texture as compared to the AC 750/WQ and AC 810/WQ materials, although 
the martensite contents of the former are marginally higher as compared 
to the latter® However, in the overall context, the present results 
clearly bring out the detrimental effect of martensite in producing a 
sharp deformation texture in tiio experimental alloys® 

Detailed analysis of the OoD*F® results obtained from the cold*- 
deformed alloy A1 (Figures 4®23~4®30)indiGates that although the 
intensities of individual components in {111} <uvw> texture may be very strong 
indeed, they do not comprise a fibre® On the other hand, reasonably strong 
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<111> j|ND fibre textures have been observed in both the alloys A4 and 
A5 — the fibre in alloy A5 being much stronger in intensity as compared 
to the one in alloy A4 (Figures 4,3l~4»46)o The alloy A4 also shows two 
rather weak and incomplete fibres which may be described as {337} <uvw> 
and {11, 11, 4} <uvw> respectively © The former is not very well- 

developed in the alloys A1 and A5^ The latter may be considered as a weak 
and incomplete fibre in alloy Al, whereas this is not so well-developed 
in alloy A5o 

Hutchinson and Dillamore [l98] have suggested that during cold- 
deformation of a polycrystalline metal, the crystals rotate towards the 
positions of stability which will ultimately constitute the deformation 
texture. Using the model proposed by Dillamore and Katoh ll7lJ, they 
have shown that the stable end-components of the rolling texture for a 
B.C.G. metal, like iron, will be (112) [HOj and (11, 11, 8) [4, 4, ll]« 

It is expected that the real texture will be spread around these stable 
ideal or ientations* The orientation (112) [lio] is only 4^ away, in the 
Euler space, from the orientation (337) flio] which is one of the 
components of the weak <337> | [ ND fibre-texture found in the deformed 
alloy A4. The (11, 11, 8) [4, 4, llj component, ’however, has not been 
found in the experimental deformation texture of any of the three alloys. 
This ideal orientation has the Euler angles = 90^, cj) = 63^ and = 

45^« The component (11, 11, 4) [ 5 , 2, ll] which forms a part of the weak 
and incomplete {11, 11, 4}-type of fibre texture in alloy A4, corresponds 
to the Euler angles' 90^, <j) = 76^ and = 45^, The above two orien- 
tations are thus about 13^ apart in the Euler space and hence the observed 

orientation (11, 11, 4) [2, 2, llj may be considered to lie within the 
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spread around the theoretical ideal orientation, namely, (11, 11, 8) 

[4, 4. 11]. 

The rolling texture components obtained for the three experimental 
alloys are not very different from typical rolling textures of iron and 
steels* For a 50% cold-rolled dual-phase steel, Bunge et al^ [l76] have 
observed that the texture in the as-rolled condition consists of two 
fibre texture components, namely, A = {111} <uvw> and B = {hkl} <110>* 

For A there exists a rotational symmetry about a <11 1> direction which 
is parallel to the normal direction, whereas for the component B the rota- 
tion is about a <110> direction parallel to the rolling direction* Hu 
[l6l] has reported that for a deep-drawing quality phosphorus steel, the 
cold-rolling texture contains a very strong (112) [iToj component, a 
fairly strong (001) [llOj component, and a prominent (111) jj ND fibre 
texture in addition to another fibre of the type (hkl) <110> which extends 
from (001) [iToj to slightly beyond (331) [ iTo] , this last orientation 
has the Euler angles, = 0^, <)> = 77^ and ~ "^5^, which is just 1*^ off 
from the orientation (11, 11, 4) flio] that forms a part of the weak and 
incomplete <11, 11, 4> ] | ND fibre texture in alloy A4* 

5*3 Microstructures and Textures of the Recrystallised Alloys 

Textural results have shown that the deformation and recrystal- 
lisation textures in any of the experimental alloys are very similar, 
indicating that the recrystallised grains must have been formed in situ 
from cold-deformed regions having the same or nearly the same crystallo- 
graphic or ientation. This is also corroborated by the electron microscopy 
results from the partially recrystallised samples. 
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A look at the deformation texture plots (Figures 4.19-4*22) as 
well as the recrystallisation texture plots (Figures 4.55-4.63) clearly 
indicates that the intensity of texture is invariably weakened consequent 
upon recrystallisation in both the alloys A1 and A4 . Though the same is 
true for alloy A5 for the 650^C recrys tallised materials, the texture 
definitely shows a noticeable sharpening after the BOO^C anneal. 

A comparison of the f(g) versus (j) curves for both deformed and 
recrystallised A1 alloy (Figures 4.23-4.26 and 4.64-4.67) shows a consis- 
tently high value of f(g) between (f) = 0^ and 55^, in the section = 0^, 

^2 “ 45°, for the recrystallised materials. This indicates that reason- 
ably large volume fraction of the recrystallised material must have 
acquired orientations starting from (001) [llO], going through (113) [llo]| 
(337) [iTo] and (112) [iTo] to (111) [llo]. The near flat nature of 
these plots for the recrystallised materials also indicates that the 
chances of encountering grains of such diverse orientations are nearly 
equal. The same plots also show that there is a substantial intensity for 
the (11, 11, 4) [no] component and a moderate intensity for the (11, 11, 4) 
[ 2 , 2, 11 ] component. Intensities of these orientations are noticeably 
sharper in the recrystallised materials as compared to the corresponding 
cold-deformed materials, indicating that nuclei! of these orientations 
have grown during recrystallisation* The {111} <uvw> orientations are 
found to have reasonably strong intensities, but they do not constitute a 
complete fibre texture. The plots of f(g) versus for the alloy A1 
(Figures 4.68-4.71) also indicate that the intensity of the {111} incom- 
plete fibre always has a higher value, for the material recrystallised at 
the higher temperature of 800°C as compared to the material recrystallised 
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at the lower temperature of 650^C* In general, a reverse trend is obtained 
for the components of the rather weak {11, 11, 4} incomplete fibre. On 
the other hand, perceptible variation in intensity for the {337} <uvw> 
components as a function of the recrystallisation temperature could not be 
noticed. It may be recalled here that electron microstructures for the 
A1 alloy, recrystallised at the lower temperature, invariably show the 
presence of some fine precipitates, whose identity could not be established, 
whereas the density of such precipitates is found to decrease very drasti- 
cally when the alloy is recrystallised at the higher temperature (Figures 
4,49b, 4,50d), Finely dispersed particles are normally known to reduce 
recrystallisation kinetics having a greater retarding influence on nuclea- 
tion than on growth [ll6j. Out of the available orientations in the 
cold-rolled alloy, the {111} texture components should nucleate rather 
early and therefore will have a long available time for growth before 
impingement occurs [86], Since the volume fractions ot crystallites in 
the deformed material having such orientations are also the largest, it is 
therefore no wonder that there will be a predominance of tlie {11.1} <uvw> 
components in the recrystallisation texture. The observed lower intensity 
of the {111} texture components at the lower recrystallisation temperature 
of 650^C may be due to the presence of the fine particles in the deformed 
ferrite matrix that may hinder the growth of the {111} recrystallised 
grains also. In the absence of such particles at the higher temperature 
of recrystallisation (SOO^C), the more numerous {111} nuclei! will have 
a more easy and uninterrupted growth giving rise to a sharper {111} 


texture. 
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It may be recalled at this stage that in the previous chapter 
it was mentioned that the martensite content in an alloy after full 
recrystallisation (at and above the recrystallisation temperature of 
750 C) was found to be invariably higher than the amount present in the 
original intercritically annealed condition* For comparison with the 
martensite contents of the three starting alloys (differently heat- 
treated) (Table 4.1), the volume fractions of martensite in the same 
materials after the recrystallisation anneal at were determined and 

are given in Table 5.1. A series of typical micrographs for the A4 
alloy, recrystallised at 800^0, are also shown in Figure ‘3.2(a-d). 

Table 5.1 

Volume Percent Martensite in Fully Recrys tallised (at SOO^^C) Alloys Al, 
A4 and A5 


Alloy designation 


Volume percent martensite 


Al/AC 750/WQ 22.0 
AI/AC 810/WQ 25.0 
Al/WQ 750/WQ 26.0 
Al/WQ 810/WQ 27.0 

A4/AC 750/WQ 46.0 
A4/AC 810/WQ 60.0 
A4/WQ 750/WQ 58.0 
A4/WQ 810/WQ 66.0 

A5/AC 750/WQ 26.0 
A5/AC 810/WQ 30.0 
A5/WQ 750/WQ 35.0 
A5/WQ 810/WQ 37.0 
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The amount of martensite present in the 650^C annealed material is 
expected to remain the same as for the intercr itical ly annealed samples. 
Evidently^ prior cold-work of dual-phase samples leads to a faster diffu- 
sion of the alloying elements, especially near the austenite-ferrite 
interfaces, in the a + y region, and this may shorten the time to reach 
equilibrium volume fraction of austenite (martensite) at that temperature. 
The result will be an increase in the martensite content of the resulting 
dual-phase steel. This is expected to have a serious implication in that 
the volume of recrystallising ferrite at the higher temperature of 800^0 
will be less than its counterpart at the lower temperature of 650^C, 

Thus, whether the intensity of the {111} <uvw> components will increase 
or decrease at the higher recrystallisation temperature will depend on 
the relative strength of the two factors, namely, a decrease in the 
density of precipitate particles in ferrite allowing more rapid growth of 
the recrystallisation nucleii and an increase in the austenite (martensite) 
volume, fraction at the recrystallisation temperature giving rise to a 
decrement in the recrystallising volume fraction of the ferrite consti- 
tuent, In alloy A1 the former effect seems to be predominant, may be 
due to the fact that the volume percent of ferrite does not decrease 
significantly due to the , 800^0 anneal . 

The observed higher intensity of the (111) <uvw> texture components 
after the 800^C anneal in alloy A5 may be explained in a similar manner. 

In this alloy too, the variation in the volume percents of recrystallising 
ferrite at the two annealing temperatures is not found to be large. 

In contrast to these results, in alloy A4, the intensities of the 
{111} <uvw> components have been found to be consistently higher at the 
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lower temperature of recrys tallisation, namely 650^^C^ A look at Tables 
4,1 and 5,1 clearly shows that in this alloy ttiere is a very significant 
increment in the volume percent of martensite in the material recrys- 
tallised at SOO^C from the initial values. Already, in the intercritic- 
ally annealed A4 alloy, the inter-martensite particle distance was 
nearly half the corresponding values for the A1 and A5 alloys. This 
distance narrowed down substantially during the cold-work and further 
narroxi^ing down as a result of a larger volume fraction of martensite 
(austenite) due to the 800^C recrystallisation anneal, is expected to 
affect the growth of the {111} <uvw> nucleii substantially. This effect 
may be much stronger than the other effect due to a decrement of the 
density of precipitate particles in ferrite at 800^C, 

A look at Figures 4,76-4,79 also indicates the presence of a weak 
and incomplete {11, 11, 4} <uvw> || ND as well as a not so well-developed 
and weak {337} <uvw> || ND fibres. In general, the intensities of the 
{337} <uvw> components are found to be higher as compared to the 
{11, 11, 4} <uvw> components till 50*^, beyond which the intensities 

of the {11, 11, 4} <uvw> components become decidedly higher. Similar 
behaviour has also been observed in alloys A1 and A5 (Figures 4,68—4,71 
and 4,84-4,87), A look at the plots for the corresponding deformation 
textures (Figures 4,27-4o30, 4,35-4,38 and 4,43— 4,46) also reveals the 
same trend indicating that in situ recrystallisation occurs at both the 
annealing temperatures. 

The results of the recrystallisation kinetics studies for the 
three alloys (Figures 4.88-4,93) clearly indicate that there may be two 
distinct stages during the process of recrystallisation. Roughly speaking 
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the change-over takes place at a recrystallised volume fraction (x) lying 
between 0*5 and 0«7 depending on the alloy and tlie re^crystalllsation 
temperature. The slope of any line, in tiie Avrami plots, denotes a 

time exponent which is supposed to depend upon tlie geometrical character 
of the recrystallisation process itself as well as the time dependence 
of the nucleation rate, i,e,, whether the recrystallisation is one, two 
or three dimensional [l76] , A low value of *m* lying between approxim- 
ately 0. 5-1,0 has been found for the first stage and a higher *m’ value 
between, on an average, 1.5 and 3,0 has been found for the second stage 
of recrystallisation. If, at the beginning of the recrystallisation, 
nucleation rate is high and then drops to zero, the value of the time 
exponent, ‘m’ in the Avrami relationship should equal d, the dimensi- 
onality of the growth of the recrystal lisation nucleii, whereas if the 
nucleation rate is constant during the entire process of recrystalli- 
sation, then m = d + 1 [l76j. It is expected that; th(‘ actual behaviour 
should lie in between these two limiting cases. Thus, the experimental 
values of 'm* at the first stage (0, 5-1,0) should indicate a dimension- 
ality of about 1, at least in the early stages of the recrystallisation 
process. This will be followed by a 2 or 3-dimensional growth of the 
nucleii at the later stages. Transmission electron micrographs taken, 
during various stages of recrystallisation (Chapter IV) indicated that, 
to start with, the elongated subgrains grow in a direction perpendicular 
to themselves and later on, when they have become sufficiently large, 
growth along two or all the three dimensions takes place, 

Bunge et al, [176] have reported a single value of *m’ (1,866) 
at all temperatures (between 680^C and 850^0 for the first half of the 
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recrystallisation process for their experimental alloy^ The discrepancy 
between their results and the results of the present investigation may be 
due to the fact that Bunge et al. derived their recrystallisation kine-* 
tics from the changes in the overall hardness values of the dual-phase 
structures with the progress of recrystallisation. On the other hand, 
the present observations are based on precise microhardness values of the 
ferritic phase alone; and this is considered to be more relevant since it 
is the recrystallisation behaviour of the deformed ferrite that is being 
investigated. 

Activation energies ranging approximately between 16,0 and 20,0 
KCal mol have been obtained from the Arrhenius plots of In In t 

or In t^ g versus 1/T as shown in Figures 4,88-4,93, These values are 
quite close to the value of 20,1 KCal ^mol ^ for the diffusion of carbon 
in a-Fe [l99]. Hence the present results imply that the kinetics of 
recrystallisation may be determined by the carbide particle coarsening. 

It has been reported that in Nb, Ti and V microalloyed steels, the acti- 
vation energies for the recrystallisation process are equal to the # 

activation energies for the diffusing microalloying elements in a-Fe 
[ 200 , 201 J which are much larger than for carbon. Thus, the present 
results signify that the fine particles seen in the microstructures of 
the present alloys may be predominantly of iron carbides and not vana- 
dium carbonitrides as was expected previously. Similar results have 
also been reported by Bunge et al, [l76] for their dual-phase steel 
containing, amongst other solutes, about 0,72% Cr, If that be the case, 
it is quite easy to understand that these carbide particles should go 
into solution when the cold-worked alloys are recrystallised at and 
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above 750°C, leaving the ferrite reasonably clean of tite precipitate 
particles , 

5.4 F ormability Characteristics of the Alloys 

A look at the r values of the three alloys, in the recrystallised 
condition (Table 4.6), reveals that alloy A1 has r < 1 for any of the 

initial heat-treatment conditions. Alloy A4 has r > 1 for the 650°C 

recrystallised material, whereas alloy A5 has r > 1 for the materials 
recrystallised both at 650°C and 800°C. The maximum value of r (1.27) 
has been obtained for alloy A5/AC 750/WQ recrystallised at 800°C, Thus, 
out of the three alloys, A5 seems to have a slight edge over the other 
two in terms of deep— drawability , It may be recalled that, in general, 

the sharpest values for the intensity of the <111> j j ND fibre texture 

have been obtained for the A5 alloy recrystallised at 800^C» Figure 
4*11 and Table 4*2 show that, out of three alloys, alloy A5 is of the 
lowest mechanical strength* Table 4*6 also shows that this alloy has a 
large planar anisotropy, as revealed by high values of Ar* 

The minimum values of Ar haye been obtained for the alloy Al* 

This alloy is mechanically stronger than alloy A5 but has the lowest 
set of r values* 

In terms of strength, r and Ar values, alloy A4 may be considered 
to have the optimum properties out of the three alloys. Alloy A4 is the 
strongest of the three alloys and has a very good ductility (Table 4*2)* 
After recrystallisation at 650^C, the highest r value (1.15) has been 

obtained for the AC 810/WQ material* The Ar values have also been found 
to be reasonably low* The f(g) value for the <111> || ND fibre in this 
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material has been found to be about 3,0 (Figure 4 , 77)9 Figure 4,84 shows 
that the f(g) value obtained for the <lil> j| ND fibre in A5/AC 750/WQ 
material (showing the largest value of r = 1,27) is slightly more than 
5,5, ThuSj the intensity of the {111} fibre texture in alloy A4, 
although nearly half of the corresponding intensity in alloy A5, gives a 
somewhat comparable value of r in the former as compared to the latter. 
These results suggested that it may be worthwhile to try to produce a 
sharper <111> | | ND fibre texture in alloy A4, With this idea in mind, 
samples of A4/AC 750/WQ materials were subjected to 80% cold-reduction by 
rolling. In this case AC 750/WQ samples were used instead of the AC 810/WQ 
samples (for which the highest value of r was obtained in alloy A4) in 
order to keep the amount of the deleterious martensite content to the mini- 
mum. The cold-rolled samples were then recrystallised at a temperature of 
700^C, the temperature being intentionally kept below the a + y range. 
Grain-growth after primary recrystallisation is known to sharpen the {111} 
fibre texture in steels [l25]. Keeping this in view, the cold-rolled 
samples were recrystallised at 700^C for prolonged periods of 24 hours 
and 100 hours. The relevant texture plots for the cold-rolled and 
recrystallised materials are shown in Figurt^s 5,3 to 5,5, It is inter- 
esting to note from these figures that a partial <11 i> |j ND fibre with 

an f(g) value of nearly 6,0 is obtained for the 80% cold-rolled 
max 

material, and this is more than 1,5 times the intensity value of the 
same fibre in the 60% cold-rolled material. The recrystallised materials 
also exhibit a nearly perfect {111} fibre texture with f(g) values lying 
around 5,0-5, 5, The material recrystallised for 24 hours shows a little 
bit sharper intensity as compared to the one recrystallised for 100 hours. 
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The intensity of the fibre in these recrystallised samples is about loS- 
2^0 times the intensity of the same fibre obtained in the previously 
recrystallised samples of alloy A4 after 60% cold-reduction. If the 
sharpness of the <111> jj ND fibre were the only criterion for achieving 
a large value of r, then these samples should possess much larger values 
of r as compared to their counterparts mentioned previously. However > a 
look at Figure 5.6 clearly shows that the r values of these latter 
samples are less than unity, i.e., even worse as compared to the samples 
cold-rolled 60% and then recrystallised. 

Thus, it is clear that in dual-phase steels sharpness of the {111} 
fibre texture is not the sole criterion for achieving a large r value. 

Kurihara et al, [82] showed that, in dual-phase steels, the 
degradation of the r value depended on the volume fraction and proximity 
of the martensite islands and the hardness ratio for the martensite and 
ferrite constituents. They suggested that r value should decrease as 
each of these factors increases. In the course ol the [)resent investiga- 
tion, it was not possible to measure the microhardness values for the 
martensitic phase, although the microhardnesses of the ferrite phase in 
the twelve initial structures were accurately measured. These values 
are given in a tabular form in Table 4.3. This table shows clearly that 
the microhardness of ferrite increases in the order A5 A4 Al. In 
fact, the larger values of microhardnesses of ferrite in alloys Al and A4 
are quite comparable and may be assigned to the solid solution hardening 
of ferrite by the large amount of silicon in these two alloys. The alloy 
A5, with a trace of silicon only, should give rise to a softer ferrite 
which has been obtained in practice. Even without going into the actual 
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hardnesses of the martensitic phase in the twelve initial structures, and 
making the reasonable assumption that for all the three alloys, for a 
particular type of heat-treatment (like AC 750/WQ, AC 810/WQ etc.) the 
martensite in the dual— phase structures will have comparable hardness 
values, it can be readily visualised, from Table 4,3, that the ratio of 
the hardnesses of martensite and ferrit€? should be suf>s tant ially higher 
for alloy A5 as compared to those of AL and A4, According to Kurihara 
et al, r should be higher for A1 and A4 as compared to A5, which is 
exactly opposite to the results obtained in the present investigation. 
Again, the volume fraction of martensite and proximity of the martensite 
islands is much more in alloy A4 as compared to the alloy A1 , with poss- 
ibly not much different martensite/ferrite hardness ratios in them. But 
the r-value has been found to be somewhat better in the A4 alloy. The 
above clearly shows that the reasons for the attainment of rather poor 
r-values in dual-phase steels are far from clear, 

Hutchinson [84j has made a theoretical analysis of the deep-dra- 
wing characteristics of dual-phase steels. His work clearly showed that 
relative to comparable ferritic steels, dual-phase steels have a lower 
normal anisotropy. According to him, this decrease in anisotropy is not 
due to any dilution of the ferritic texture by the presence of the hard 
martensitic phase. The martensite particles are supposed to produce an 
increment of isotropic strengthening, whose magnitude is a function of 
the volume fraction, dispersion and hardness of the martensite constituent. 
According to Hutchinson’s analysis, the r-value of dual-phase steels is 
a function of the quantity Aa/a^ where, a**’ is the yield stress of the 
ferritic matrix and Aa is the increment of isotropic hardening due to the 
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martensitic constituent* In fact, this analysis predicts that r should 
decrease with increase in the value of Ao/a*, It would be interesting 
to see how this prediction compares with the present experimental results® 
The martensite volume fraction and its distribution in the alloys A1 and 
A5 have not been found to be significantly different in the intercriti- 
cally annealed condition® The strengths of the martensitic phase in both 
the alloys are also supposed to be comparable since both are basically 
composed of dislocated laths. Hence, as a rough approximation, Ao value 
can be taken as nearly the same for both the alloys. Although the yield 
stress values of the ferritic phase are not available, the microhardness 
of ferrite in alloy A1 has been found to be times the microhardness 

of ferrite in alloy A5« Hence value for alloy A5 should be sufficiently 
low as compared to the a- value for alloy Al* It all boils down to the 
conclusion that Ao/a^'^ is expected to be much higher in alloy A5 as compe- 
ared to alloy Al , According to Hutchinson's analysis, this should lead 
to a lower value of r for alloy A5 as compared to alloy Al, However, 
this is exactly the opposite to what has been obtained experimentally in 
the present work. It should be noted here that, in the present case, to 
test Hutchinson's hypothesis, comparison between two different steels 
(having different chemical composition) have been made. The predictions, 
however, seemed to tally quite well with his own experimental results on 
one particular steel composition that was given various heat-treatments 
to produce a variety of martensite dispersion and amount. It should 
also be taken into account that the maximum amount of martensite produced 
in the steel used by Hutchinson was limited to about 20%, whereas, in 
general, for all the different heat-treatments, the present series of 
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alloys contain more than that amount of martensite<> Therefore^ it may 
not be very proper to try to test Hutchinson’s hypothesis on the basis of 
the data obtained in the present investigation* Nevertheless, the pre- 
sent work seems to emphasize that careful experimentation on a much larger 
number of dual-phase steel compositions with proper control of the 
various parameters may be beneficial to have a more basic understanding 
of the problem of achieving satisfactory deep-drawability in dual-phase 
steels* 
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precipitation in a quenched dual-phase stee 
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Fig. 5.2 A series of typical micrographs for the alloy A4, recrys- 
tallised at 800°C 

(a) WQ 810/2 sec (b) WQ 810/5 sec 

(c) WQ 810/7 sec (d) 1^ 810/10 sec. 
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Fig.5-3a Variation of f(g) with Cp along different tPi/^2 
lines for A4/AC 750/WQ after 80pct.cold-rol ling 
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Fig.5-3b Variation of f(g) with along different q)/cP 2 
lines for A4/AC 750/WQ after 80 pet. cold-rolling. 
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Fig.5-4a Variation of f(g) with 0 along different 

lines for A4/AC 750/WQ after recrystallisation. 
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Fig. 5-4 b Variation of f(g) with Api along different <t>/^ 
lines for A4 /AC 750/WQ after recrystallisation. 
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Fig. 5-5a Variation of f(g) with (J) along different tPi/tP2 
lines for A4/AC750/WQ after recrystallisation 
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Fig.5-5b Variation of f(g) with along different 

lines for A 4 /AC 750/WQ after reerystallisation. 
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Chapter VI 

Conclusions 


Different distributions of ferrite-martensite structures can be 
produced in the three experimental dual— phase steels, namely, Al, A4 and 
A5 by following the two different kinds of heat-treatment cycles, AC/WQ 
and WQ/WQ, and by intercr i tical annealing at two different temperatures, 
750 C and 810 C, However, the differences in these micros tructures are 
not found to be significant. 

general, alloy A4 contains the maximum and alloy Al the minimum 
volume fraction of martensite, with alloy A5 coming in between. However, 
the 0.24 Y.S, and U.T.S. of the three alloys are found to vary in the 
order A4 (highest) Al A5 (lowest). The ferrite phases in alloys Al 
and A4have comparable microhardness values and these are much stronger 
than the ferrite in alloy A5. 

3. The ferrite phases present in the alloys Al and A4 are supposed 

to form in two different ways : (i) before and/or during the inter-* 

critical annealing (*old* ferrite) and (ii) during the cooling of the 
alloys from the intercritical annealing tempera tures (transformed or 
'new* ferrite). The amount of new ferrite is found to be larger in 
alloy Al as compared to alloy A4* Alloy A5 doiis not show any measurable 
amount of new ferrite. 

4. Optical as well as electron microstructures obtained from the 
cold-deformed materials are found to be practically the same irrespective 
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of the different initial heat— treatments. The structural features are 
found to be the coarsest for the alloy A1 , rather coarse for alloy A5 
and finest in alloy A4, In contrast to the alloys A1 and A4, many areas 
in a number of thin foils from the cold-worked alloy A5 show distinct 
signs of recovery at places leading to the formation of subgrains, 

5. During recrystallisation anneal of all the three alloys at the 

lower temperature of 650 C, the cold-worked ferritic areas start recrys- 
tallising, whereas at the higher temperature of 80o‘’c re-austenitisation 
of martensite and recrystallisation of cold-worked ferrite take place 
simultaneously. The end-product, in both cases, consist of islands of 
TTiartensite embedded in a recrystallised I'errite matrix* 

the alloys, during recrystallisation, no perceptible 
difference in the microstructure as a function of the initial dual- 
phase hea t’-tr eatment can be observed* The recrystallised ferrite grains 
nucleate at or near cold-worked regions of the same or nearly the same 
orientation by an in situ process* 

7* Recrystallisation kinetics results indicate that two distinct 

processes must be occurring during recrystallisation* The activation 
energies measured from the Arrhenius plots range between 16,0 to 20,0 
KCal/^mole, On the basis of these values the kinetics of recrystallis— 
ation is supposed to be controlled by diffusion of carbon in a-Fe* 

8, In all the three alloys, in the cold-deformed condition, the 

maj^QT texture components are found to be {111} <112> and (111) <110> 
while the minor components are of the type {337} <11 0>, {337} <776>, 

{112} <111> and {112} <110>o In addition, low intensity texture 
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components like {110} <001>, {001} <110>, {110} <110> and {310} <001> are 
also foundo 

Detailed analysis shows that a reasonably strong <111>|1 ND fibre 
texture is present in both the cold-deformed alloys A4 and A5, whereas 
alloy A1 does not show such a fibre^ Again a weak <11, 11, 4> | [ ND 
fibre is observed in alloy A4 which is not so wel 1— developed in alloy 
A5, while the same may be treated as weak and incomplete in case of 
alloy A1 * A rather weak and incomplete <337> | j ND fibre texture is 
found in alloy A4, although {337} <uvw> orientations do not comprise a 
fibre in either alloy A1 or A5. 

10* In any of the three alloys, the textures in the recrystallised 

condition are found to be basically similar to the ones for the corres- 
ponding cold-deformed materials, with the difference that the orientation 
densities are somewhat weaker in the former* A major difference between 
the recrystallisation textures of alloys A1 and A5 on the one hand and 
alloy A4 on the other is that whereas the intensities of the {111} <uvw> 
components are found to be stronger in the former after the 800^C recrys- 
tallisation anneal, for the latter, intensities for the same components 
are found to be more at the lowej: temperature of recrystailisation at 
650°C. 

11, The intensities of the {111} <uvw> components at different recrys*^ 

tallisation temperatures are supposed to be controlled by two factors, 
namely, (i) presence of a fine precipitation, predominantly of iron 
carbide, in the ferrite and (ii) the total available ferrite content at 
any particular recrystallisation temperature* 
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12. The theoretically determined r-values for the three recrystall- 

ised alloys show that while alloy A1 has r— values <1.0, the correspon- 
ding values for alloys A4 and A5 are >1,0, Out of the three alloys, the 
alloy A5 seems to have a distinct edge over the other two so far as the 
r-values are concerned. However, on the basis of high strength, high 

r— value and low Ar value, alloy A4 seems to have the optimum properties, 

13, The deep-drawing characteristics of the three experimental dual« 

phase steels are evaluated in terms of their r-values. These results 
are also compared with those reported by others for similar materials, 
as well as those predicted from theory. Attempts are made to explain 
the differences in the results obtained in the present investigation 
with those reported by others and the need for more research in this 
area is emphasized. 
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